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Hydrogen embrittlement of Ni-base corrosion resistant alloys (CRAs) can occur in deep sea oil 
wells when components are exposed to hydrogen while under stress. The effects of microstructure on 
hydrogen embrittlement of precipitation hardened Ni-base CRAs, such as alloy 718, are not fully 
understood. There are several test methods used in the oil and gas industry for evaluating the 
susceptibility of CRAs to hydrogen embrittlement. Slow strain rate (SSR) tensile testing of smooth 
specimens is useful for comparing the susceptibilities of different alloys and microstru tures to hydrogen 
embrittlement in the testing environment and is the most commonly performed test method, mostly due to 
the short duration of the test. There are several accelerated fracture mechanics test methods that ave been 
developed to produce useful design data in the form of threshold stress intensity factors (Kth) for crack 
growth in a hydrogen-rich environment and have a much shorter test duration compared to constant 
displacement/constant load fracture mechanics testing. One type of accelerated fracture mechanics test 
method is the rising step load (RSL) test method, which attempts to simulate the loading conditions 
experienced by components in application by holding the specimen at constant displacements for a 
majority of the test. There is a lack of well-known correlations between the effects on hydr gen 
embrittlement susceptibility and fracture mode of dynamic straining of smooth specimens in the SSR test 
and accelerated fracture mechanics testing of notched or pre-cracked specimens. 
In this investigation, alloy 718 was annealed and aged to produce microstructures with variations 
in grain size, grain boundary precipitation, and strength level. The peak-aged and over-aged conditions 
exhibited a high strength and a low strength, respectively, and were produced through heat treatments tha 
conformed to the API standard. An under-aged condition had no grain boundary δ phase and a similar 
yield strength to the over-aged condition. A high δ condition was produced through a double aging heat 
treatment that precipitated large δ phase particles on a significantly greater fraction of grain boundaries 
compared to the other conditions and produced a comparable strength level as the peak-aged condition. A 
high temperature and time annealing heat treatment was performed on these four conditions which 
resulted in a relatively large grain size. A small grain size condition was also produced by performing a 
lower temperature and time annealing heat treatment and was peak-aged.  
Grain boundary precipitation was evaluated through scanning electron microscopy (SEM), and 
the mechanical properties of the different microstructures were determined. The effect of microstructure 
on hydrogen embrittlement susceptibility of alloy 718 was primarily assessed through SSR experiments 
performed with cathodic hydrogen charging and in air on all microstructural conditions. RSL tests were 
performed on circular notch tensile (CNT) specimens of the peak-aged, over-aged, and under-aged 
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microstructures to evaluate how the hydrogen embrittlement susceptibilities and fracture modes produced 
in the RSL test compare to the SSR test.  
The extent of grain boundary δ phase precipitation had the strongest effect on hydrogen 
embrittlement susceptibility. The under-aged condition exhibited significantly greater hydrogen 
embrittlement resistance than the other microstructural conditions and a hydrogen-affected fracture mode 
consisting of primarily transgranular cleavage cracking. The high δ condition exhibited the lowest 
hydrogen embrittlement resistance and a fracture surface with a brittle region composed of intergranular 
fracture with a serrated appearance on the facets. The peak-aged, over-aged, and small grain size 
conditions exhibited hydrogen cracking regions composed of mostly smooth intergranular cracking with 
some transgranular cracking. The volume fraction, coherency, and/or size of the primary strengthening γ’ 
and γ” was primarily responsible for the strength levels of the different microstructures and was also 
determined to affect hydrogen embrittlement resistance. The effect of γ’ and γ” precipitation on hydrogen 
embrittlement resistance was best evidenced by the higher strength peak-aged condition which had lower 
hydrogen embrittlement resistance compared to the lower strength over-aged condition despite having 
less grain boundary δ phase precipitation. Reducing the grain size for the peak-aged condition had no 
statistically significant effect on hydrogen embrittlement resistance.  
RSL tests of the CNT specimens for the peak-aged, over-aged, and under-aged conditions were 
successful in causing crack growth to begin at the notch due to hydrogen embrittlement mechanisms 
while the specimen was held at a constant displacement. RSL testing produced threshold stress intensity 
factors for crack growth (Kth) with cathodic hydrogen charging that exhibited the same trend as the total 
elongation ratios produced by SSR testing. The brittle hydrogen-affected regions produced in the RSL 
tests showed the same fracture modes as were observed in the SSR fracture surfaces. The similarity in 
fracture modes from RSL and SSR testing indicates that the mechanisms for crack propagation in the two 
test methods may be similar. The mechanism for crack propagation may be independent of plasticity 
around the crack, or dynamic straining in the SSR test may have had a similar effect as the plastic zone 
around the crack in the RSL test. Smaller step sizes for the RSL tests resulted in lower Kth values with 
less uncertainty for all conditions at all step times studied. For future hydrogen embrittlemen  t sting, the 
RSL test has the ability to provide Kth values through constant displacement conditions that are similar to 
application and with a much shorter test duration than constant displacement fracture mechanics testing. 
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CHAPTER 1: INTRODUCTION 
Alloy 718 (UNS N07718), originally developed as INCONEL® 718, is one of several nickel-base 
corrosion resistant alloys (CRAs) from which components used for deep-sea wells in the oil and gas 
industry are produced. Packers, tubing hangers, fasteners, valves, and bolting components are all 
fabricated from CRAs because of their high-strength and resistance to general corrosion processes. Field 
failures of CRA components can occur due to hydrogen embrittlement caused by the uptake of hydrogen, 
which may be produced in several different ways in downhole environments [1–6]. In these cases, 
hydrogen embrittlement is an environmental cracking process by which atomic hydrogen is adsorbed on 
the surface and diffuses into the alloy, resulting in a decrease in plasticity and/or fracture strength. 
Precipitation hardened nickel-base CRAs are frequently preferred over other CRAs for oil and 
gas applications due to their superior mechanical properties and less anisotropy compared to cold worked 
CRAs. Many precipitation hardened nickel-base CRAs, typically strengthened by γ’ and γ”, contain 
additional precipitates formed at grain boundaries and within grains during thermomechanical processing 
and/or heat treating.  The multitude of different phases that are present in Ni-base CRAs and the possible 
differences in microstructures produced through alloying and processing has made it difficult to iden ify
the specific mechanisms for hydrogen embrittlement in these alloys. 
There is currently no industry-wide standard to assess the susceptibility of corrosion esistant 
alloys to hydrogen embrittlement. The multitude of different testing methods and procedures used by 
different organizations to assess the susceptibility of CRAs to hydrogen embrittlement causes difficulty
when comparing results for different materials and environmental conditions. High variability in test 
results can also make it difficult to relate laboratory results to performance in the field. A better 
understanding of the relationships between hydrogen embrittlement testing parameters, loading mdes, 
and microstructures of the tested alloys will provide insight on the influence of testing methodology on 
hydrogen embrittlement susceptibility.  
1.1 Research Objectives 
The research presented in this thesis used alloy 718 to investigate two primary objectives r lated 
to the effect of microstructure and testing methodology on hydrogen embrittlement in oil and gas 
applications, which are listed below: 
1. Evaluate the effect of differences in precipitation phases, specifically δ, γ’, and γ”, and 
grain size, on the hydrogen embrittlement susceptibility and fractures modes of alloy 718. 
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2. Compare the hydrogen embrittlement mechanical property and fracture surface results 
produced through the slow strain rate (SSR) tension testing method to the accelerated 
fracture mechanics rising step load (RSL) test method. 
Processing and microstructural guidelines for the use of alloy 718 in oil and gas applications are 
provided in API standard 6ACRA, but microstructures produced by following this standard can 
experience hydrogen embrittlement [2,4]. This study evaluates both microstructures produced by 
following the API standard and microstructures outside the guidelines of the standard to evaluate how 
varying microstructural variables, such as δ, γ’, and γ” precipitation and grain size, affect the hydrogen 
embrittlement resistance of alloy 718.  
SSR testing is the most commonly performed method of evaluating the hydrogen embrittlement 
resistance of Ni-base CRAs, mostly due to the short duration of the test. The SSR test is useful for 
comparing the susceptibilities of different alloy and microstructures to hydrogen embrittlemen  in the 
testing environment but provides no useful data for design purposes. The RSL test method produces 
useful design data in the form of threshold stress intensity factors (Kth) for crack growth in a hydrogen-
rich environment and has a much shorter test duration compared to constant displacement/constant load 
fracture mechanics testing. This investigation performed both SSR and RSL on alloy 718 with the same 
environmental parameters, to compare how the two test methods assess hydrogen embrittlement 
susceptibility. 
1.2 Thesis Overview 
The background section on hydrogen embrittlement of alloy 718 is presented in Chapter 2. The 
development of processing and microstructures for use in oil and gas applications is outlined. Recent field 
failures of Ni-base CRAs in oil and gas environments are reviewed. The main testing methods for 
hydrogen embrittlement evaluation in oil and gas applications are described, along with considerations fo  
the environmental testing parameters. Fracture modes of hydrogen embrittled alloy 718 are also discussed 
with respect to microstructure, testing method, and hydrogen embrittlement mechanism. 
Chapter 3 contains the experimental procedures, including the methods for heat treating of alloy 
718 and the subsequent microstructural analysis. The tests methods for determining the mechanical 
properties of the material and for performing potentiodynamic scans are also outlined. The test methods 
for performing SSR and RSL testing are discussed, including the methods of determining mechanical 
property results for the two hydrogen embrittlement test methods. Specimen designs and environmental 
parameters for both test methods are also described. 
The Results and Discussion are presented in Chapter 4. The mechanical property ratios 
representing hydrogen embrittlement susceptibility produced through SSR testing are evaluated with 
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respect to the alloy 718 microstructures and fracture modes. Hydrogen embrittlement susceptibility is also 
compared against the mechanical properties of the different microstructures. The effect of RSL l ading 
parameters on the resulting threshold stress intensity factors for crack growth (Kth) is evaluated. The Kth 
values and fracture surfaces produced through RSL testing are compared to the mechanical property ratios 
and fracture surfaces from SSR testing. The fracture modes of alloy 718 tested in the hydrogen 
environment are analyzed with respect to fracture modes discussed in the literature. 
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CHAPTER 2: BACKGROUND 
In this chapter, field failures of Ni-base CRAs that have occurred in deep sea wells are reviewed. 
Microstructural development of alloy 718 for oil and gas applications is discussed. Hydrogen 
embrittlement testing methods are compared, with special emphasis on slow strain rate (SSR) tension 
testing and accelerated fracture mechanics test methods. Hydrogen embrittlement mechanisms of alloy 
718 are discussed with respect to fracture modes of specimens with absorbed hydrogen, microstructural 
variations, mechanical testing methods, and environmental parameters. 
2.1 Alloy 718 for Oil and Gas Applications 
Alloy 718 was originally developed for use as piping for supercritical steam power plants but 
became most commonly used in aircraft gas turbine engines [7]. In the 1980s, the potential for alloy 718 
applications in higher pressure and temperature (HPHT) oil wells was identified, and alloy 718 chemistry 
requirements and ideal heat treatments for sour service were developed [7,8]. Several other Ni-bas  CRAs 
have been qualified for sour oilfield environments (625, 625 plus, 725, 925, 945); however, alloy 718 is 
still frequently used for oilfield equipment due to its general corrosion resistance and reliability [7,9]. 
The primary strengthening phases of 718 are γ’- Ni3(Ti,Al) and metastable γ”- Ni3Nb. Ti-rich γ’ 
can also be metastable and transform to η- (Ni3(Ti,Al) at longer aging times [10]. γ’ has a face-centered 
cubic (FCC) crystal structure, and γ” has a face-centered tetragonal (FCT) crystal structure. After heat
treating for oilfield applications, γ’ is generally observed to be spherical in shape while γ” forms 
ellipsoids. Strengthening of alloy 718 is primarily affected by the volume fractions of γ’ and γ” and the 
coherency of γ’ and γ” with the γ matrix [10]. δ phase- Ni3Nb can also be present in alloy 718 and 
generally forms on grain boundaries during aging. δ phase has an orthorhombic crystal structure and 
generally forms as platelets or needles. Metastable γ” can transform into δ phase with sufficiently long 
aging times. In addition to δ, other precipitates such as MC carbides, M23C6 carbides, and Laves phase 
can form in alloy 718 during thermomechanical processing and/or heat treating [11]. For reference, a 
time-temperature-transformation (TTT) diagram for 718 is given in Figure 2.1 [12]. Several other studies 
have shown some measured variation in the precipitation of γ’ and γ” in alloy 718 due to the difficulty in 
both visually distinguishing between the two precipitates and distinguishing between the hardening 
effects of each precipitate [13–16].  
Several studies have been performed to determine the effect of precipitates on the hydrogen 
embrittlement susceptibility of alloy 718. Liu et al. found that elimination of γ’ and γ” slightly decreases 
the hydrogen embrittlement susceptibility of 718, but the alloy is not used in a single phase condition 
because precipitate strengthening is a key component to the alloy strength [17]. Multiple studies have 
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found that the presence of the grain boundary strengthening δ-phase can significantly increase 
susceptibility to intergranular cracking due to hydrogen embrittlement [1,2,17–20].  
 
Several decades ago, studies were performed to determine the optimal heat treatments for alloy 
718 for use in oil and gas applications [8]. The hardness of alloy 718 was limited to 35 HRC due to the 
requirements of NACE MR0175 to avoid stress corrosion cracking for oilfield service [8]. The annealing 
temperature range was originally 1010 to 1050 °C [8]. The upper limit was chosen to prevent extensive 
grain growth, and the lower limit was chosen because lower annealing temperatures failed to homogenize 
the microstructure and eliminate grain boundary δ phase [8]. Annealing at these high temperatures is 
performed to dissolve δ-phase (dissolution temperature between 1000 and 1030 °C),  so hydrogen 
embrittlement resistance is increased and more niobium is available for γ” precipitation [6.7–6.10]. 
NACE standard MR0175 originally limited the allowable hardness of alloy 718 to 35 HRC, and 
thus only certain aging treatments would result in an acceptable hardness. Figure 2.2 shows how yield 
strength and hardness vary with different aging times and temperatures for alloy 718 after annealing at 
1024 °C for 1 hr [8]. The goal was to achieve an 827 MPa (120 ksi) minimum yield strength and a 
maximum hardness of 35 HRC. A yield strength of 827 MPa (120 ksi) and a hardness below 35 HRC was 
found to be achievable by under-aging at temperatures below approximately 680 °C but not on a 
consistent enough basis to be industrially viable. In Figure 2.2, the yield strengths and hardnesses 
obtained by under-aging below 725 °C are noticeably more scattered than the yield strengths and 
 
Figure 2.1  Time-temperature-transformation (TTT) diagram for alloy 718 showing the 
approximate aging temperatures and times required to precipitate the δ-phase (Ni3Nb) 
and the primary strengthening phases (γ’-Ni3(Ti,Al) and γ”- Ni3Nb). Adapted from 
[12]. 
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hardnesses for aging above that temperature. Instead, over-aging around 800 °C was chosen as the ideal 
heat treatment to achieve an 827 MPa (120 ksi) minimum yield strength. The allowable hardness limit 
was then raised to 40 HRC because a hardness below 35 HRC was difficult to achieve with this aging 
treatment [8]. Peak-aging at 760°C is also allowable within the heat treatment ranges given in API 
6A718, but the maximum allowable hardness is still limited to 40 HRC.  
The inability to achieve consistent strengths and hardnesses through under-aging is unfortunate 
because under-aging limits the amount of δ-phase that can be formed during aging but can still result in a 
yield strength of 827 MPa (120 ksi). According to the TTT diagram for alloy 718 in Figure 2.1, more δ-
phase (Ni3Nb) forms for aging at increasingly higher temperatures up to approximately 925 °C. As more 
δ-phase is formed, less γ” may be present due to the transformation of γ” to δ-phase. At aging 
temperatures below 700 °C, very little or no δ-phase is formed.  
API standard 6ACRA provides acceptable ranges for annealing and aging heat treatments for 718 
in downhole environments, as well as examples of acceptable microstructures and acceptance criteria for 
room temperature mechanical properties such as yield strength, ultimate tensile strength, percent 
elongation, reduction of area, and hardness [23]. The heat treatments in the API 6ACRA standard are 
intended to achieve high-strength w ile also avoiding growth of δ-phase at grain boundaries. The 
acceptable heat treatment ranges for the 827 MPa (120 ksi) minimum yield strength and 965 MPa 
(140 ksi) minimum yield strength designations are shown in Table 2.1 [23]. The heat treatments are based 
on previous research to determine optimal aging treatments for alloy 718 for use in oil and gas 
applications [8]. Annealing is performed above 1021 °C to ensure dissolution of δ and thereby increase 
hydrogen embrittlement resistance and the amount of iobium available for γ” precipitation [11,16,21,22]. 
Over-aging near 800 °C can produce an alloy with a yield strength above 827 MPa (120 ksi). The 
965 MPa (140 ksi) minimum yield strength requires peak-aging of the γ’ to reach the higher strength 
level. The heat treatments outlined in API 6ACRA do not necessarily result in alloys with the specified 
minimum yield strength, so it is important to use the actual strength of the material when comparing 
hydrogen embrittlement resistance. In certain service conditions, alloy 718 can experience hydrogn 
embrittlement despite being heat treated according to the API 6ACRA standard due at least in part to
limited δ-phase precipitation along grain boundaries [2,4]; these precipitates are formed during the aging 
step of the heat treatment. 












718 827 MPa (120 ksi) 1021-1052 1.0-2.5 774-802 6-8 








Figure 2.2 The effects of aging temperature and time on (a) yield strength and (b) hardness for alloy 
718 are shown along with the desired minimum yield strength (120 ksi) and the originally 




2.2 Field Failures due to Hydrogen Embrittlement of Ni-base CRAs in Oil and Gas 
Applications 
Several field failures of Ni-base CRAs due to hydrogen embrittlement have occurred. Hydrogen 
can be produced in the environment through several different processes. No single microstructural 
variable has been found to be responsible for field failures of Ni-base CRAs.  
An alloy 718 tubing hanger failed in service at the upper thread where stress was at a maximum. 
The source of hydrogen was undetermined, but galvanic coupling to the carbon steel casing was suspected 
to be a contributing factor [1]. The microstructure of the failed material was evaluated and shown to ave 
δ phase precipitated at the grain boundaries. SSR testing of the failed material and material without δ 
phase at the grain boundaries showed the detrimental effect of the δ phase on the hydrogen embrittlement 
susceptibility of the material.  
The decomposition of cesium formate brine can produce atomic hydrogen and subsequently 
embrittle CRAs. An alloy 718 packer was removed from a temporary well after being exposed to cesium 
formate mud for 448 days. The material was sectioned and mechanically tested [4]. The decomposition of 
the cesium formate mud caused hydrogen to be absorbed by the packer with the highest concentration of 
hydrogen closest to the surface in contact with the mud. When tensile tested, samples from the packer 
were much more brittle than samples of the packer that were baked to remove hydrogen. No failure 
occurred because of the limited stresses on the packers due to the inactivity of the well. Laboratory tests 
on alloy 718 after autoclave exposure to cesium formate brine at different pressures and temperatures also 
resulted in hydrogen embrittlement [5]. The degree of embrittlement was driven by the absorption of 
atomic hydrogen and not by the rate of thermal degradation of the brine. 
A 718 casing hanger in a high pressure/high temperature well also suffered a failure at the highly 
stressed threads due to hydrogen embrittlement [2]. The material suffered from intergranular crcking 
even though the alloy properties and microstructure were within the guidelines of the API 6A718 
standard. Testing was performed to attempt to evaluate the possible sources of hydrogen and the 
differences in susceptibility between microstructures containing high or low amounts of δ phase. Slow 
strain rate (SSR) tests on pre-cracked and smooth specimens, charged with hydrogen by different 
methods, successfully replicated the observed fracture mode; however, static load tests on pre-cracked 
specimens were unable to replicate the fracture mode. Table 2.2 shows the results of the slow srain rate 
testing on the fracture mode of the specimens. Intergranular cracking (IGC) occurred for materials with 
high amounts of δ-phase, while low δ-phase material experienced transgranular cracking (TGC). Both 
cathodic polarization and exposure to cesium formate mud embrittled 718 of all different microstructures, 
but conditions tested in air and after a Cu plating simulation were not embrittled. Ductile IGC was 
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observed after testing in air and after the Cu plating simulation and was the result of void coalescence 
around precipitates at grain boundaries.   
 
Table 2.2 – Failure modes of pre-cracked slow strain rate specimens for different microstructures and 
different methods of hydrogen introduction. Adapted from [2]. 
 
 
 Failed Material High δ Phase Low δ Phase 
Air Ductile IGC Ductile IGC Ductile TGC 
Cu plating simulation Ductile IGC Ductile IGC Ductile TGC 
CsFo exposure IGC IGC TGC 
Cathodic polarization IGC IGC TGC + IGC 
 
A box connection manufactured from UNS N07725 failed after 22 months in a deep sea well [3]. 
Chemical reactions in the box produced atomic hydrogen, which embrittled the material and resulted in 
failure at the threads. Improper cleaning and the corrosion-prevention dopants applied to the surface of 
the material before installation may have contributed to the embrittlement. 
Failure of an alloy 625 plus (UNS N07716) grade 965 MPa (140 ksi) minimum yield strength 
subsurface safety valve in a North Sea well occurred due to hydrogen embrittlement [6]. Hydrogen 
embrittlement occurred on the outer diameter where the valve was in contact with the packer brine and 
was coupled to carbon steel. Intergranular cracking initiated at the outer diameter and extended varying 
depths toward the inner diameter before abruptly transitioning to ductile microvoid coalescence. Th  
intergranular hydrogen cracking was attributed to the presence of grain boundary precipitates, and EBSD 
analysis of the intergranular hydrogen cracks revealed that cracking occurred along high angle grain 
boundaries. SSR testing of 625 plus showed that an 827 MPa (120 ksi) minimum yield strength grade was 
more resistant to hydrogen embrittlement than a 965 MPa (140 ksi) grade due to less grain boundary 
precipitation. 
2.3 Hydrogen Embrittlement Testing Methods 
Corrosive environment testing of alloys for oil and gas applications initially focused on assessing 
sulfide stress cracking (SSC) in H2S-rich environments. The NACE Standard TM-0177 was developed as 
a standard test method for assessing the susceptibility of materials to SSC and SCC in H2S environments 
[24]. TM-0177 is a constant load test method that can be performed in several different loading 
conditions. The testing environment requires an acidified aqueous solution that contains H2S. Method C, 
the NACE Standard C-Ring test, is typically used to evaluate tubing and bar. The test runs for 30 days or 
until failure and results are reported as time-to-failure data from which a threshold stress intensity factor 
for crack growth (Kth) can be determined with a sufficient number of tests. To test for a hydrogen 
embrittlement cracking process, TM0177 allows for the test specimen to be galvanically coupled with 
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carbon steel. The two major difficulties of this test method are the extended length of the test and the 
dangers associated with the use of toxic H2S gas. NACE MR0175/ ISO 15156-1 provides material 
selection guidelines and application limits for environmental conditions, such as partial pressures of H2S, 
temperature, and pH based on testing performed using NACE TM0177  [25]. The combination of  
standard test method (NACE TM0177) and materials selection guidelines and application limits (NACE 
MR0175/ ISO 15156-1) for SSC are an example of the standardization that is possible for HE testing in 
oil and gas applications. Constant displacement/ constant load testing can be performed with a variety of
specimen types and environments that may not be included in a corrosion testing standard. 
Slow strain rate (SSR) tension testing of alloys under cathodic polarization is the most common 
testing method to determine material susceptibility to hydrogen embrittlement. Hydrogen embrittl ent 
testing of CRAs used in deep-sea wells normally involves electrolytic charging of a specimen in solution 
to simulate galvanic coupling or cathodic protection either before or during a SSR tensile test. Ratio  of 
the results of the tests (total elongation, reduction in area, yield strength, notched tensile strength) from 
the simulated environment to an inert environment are compared for different alloys to determine relative 
susceptibilities for those alloys [26,27]. SSR tensile testing is a preferred method for evaluating alloy 
susceptibility to hydrogen embrittlement due to the relatively short test times [28]. The necessary 
considerations and relevance of SSR testing will be discussed in greater detail later in this chapter.  
Accelerated fracture mechanics testing is also commonly performed for HE evaluation because it 
is possible to determine a material fracture property that is relevant for design purposes [29]. Two 
common types of accelerated fracture mechanics test methods are the Rising Step Load (RSL) test and the 
constant displacement rate test. The RSL test attempts to simulate the constant displacement conditions 
experienced in service by incrementally increasing the load on the specimen and then holding at a 
constant displacement for a pre-determined amount of time. Load increases and holds at constant 
displacement are repeated until crack growth occurs and a threshold stress intensity factor for crack
growth can be determined (Kth). The constant displacement rate test is essentially a SSR test of a pre-
cracked specimen in which the stress at the onset of crack growth is determined through an in situ crack
growth measurement method. Additional details and recent examples of these test methods will be 
provided later in this chapter. The results, maximum length per test, important distinctions, and 
commonly used standards for the test methods listed above are summarized in Table 2.3.  
Besides loading mode and specimen geometry, the other major considerations for HE testing are 
the environmental parameters. The main environmental parameters that must be considered when 
designing a HE test are aqueous solution, cathodic charging potential/current density, and temperature. 
Environmental parameters may be chosen to directly replicate environmental conditions for a specific 
application or to evaluate a material’s mechanical response when cathodically charged with hydrogen.  
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Table 2.3 – Common Testing Methods of Hydrogen Embrittlement of CRAs for Oil and Gas 
Applications 
 
Loading Method  Results 
Max. Length 
per Test  
Notes  Standard 
Constant 
displacement/ load  
K th, time to 
failure 




NACE TM0177  
Slow Strain Rate 
(SSR) 
Ductility loss  ~4 days  
Most common, easy to 
perform  
NACE TM0198  
ASTM G129 
Rising Step Load 
(RSL)  
K th ~5 days  
Attempts to replicate 
application loading 
conditions  
ASTM F1624  
Rising 
displacement/ load  
K th  ~4 days 
Requires in situ crack 
growth measurement  
ISO 7539-9  
 
 
The acidity of the aqueous solution, the presence of a recombination inhibitor, and the 
temperature of the test all affect the rate of hydrogen absorption. Two commonly used solutions are 
NACE solution A (5 % NaCl, 0.5 % acetic acid, saturated with H2S) and 0.5 M H2SO4. H2S functions as a 
recombination inhibitor by increasing the amount of hydrogen that is absorbed and not released as H2 gas 
but can result in a SSC cracking mechanism. Alternatively AsO3 can be used to inhibit recombination and 
cause a cathodic hydrogen embrittlement mechanism to occur. Testing is sometimes performed with 
solutions that closely represent what the alloy may be exposed to in service, such as cesium formate brine 
or synthetic seawater.  
Hydrogen embrittlement testing of nickel-base CRAs is generally performed near room 
temperature where hydrogen embrittlement is most severe [29].  HE ratios of reduction in area of smooth 
specimens and KIC of pre-cracked specimens of alloy 718 tested in 34.5 MPa hydrogen gas and in an inert 
environment at a wide range of temperatures are shown in Figure 2.3 [29]. The minimum in HE ratio is 
near room temperature for both testing types. 
The charging potential and/or current density also directly affects the amount of hydrogen 
absorbed [30]. A constant cathodic current density is normally used to maintain a constant rate of 
production of hydrogen ions on the surface of the specimen. A constant cathodic potential is commonly 
used for replicating environments where the cause of hydrogen absorption is cathodic protection. For a 
constant cathodic potential, the current density and consequently the rate of hydrogen production at the 
specimen’s surface will change over the course of the experiment due to changes in the pH of the solution 
and the surface of the specimen. 
There are also several cell design parameters that can affect the outcome of a HE test, including 
counter electrode (anode) geometry and position, stirring of the solution with an inert gas, and whether 
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the cell is open to the ambient environment. Commonly used anode materials include Pt wire and mesh, 
mixed metal oxide (MMO) mesh, and graphite rods. Graphite anodes degrade over the course of testing, 
but Pt and MMO anodes are extremely stable and do not degrade even after months of testing. It is also 
important to consider the position of the anode or anodes. If a single anode is used, then a larger amount 
of hydrogen absorption will occur on the portion of the specimen that is facing the anode. To minimize 
gradients in the electrochemical reactions along the surface of the specimen, Pt wire can be position d to 
wrap around the specimen or multiple anodes can be positioned on opposite sides of the specimen. This 
may not be necessary for a single edge notched (SEN) specimen because it may be preferred for the anode 
to be directly facing the notch. If a smooth specimen is used, the length of the anode should at least be as 
long as the gauge length of the specimen. For all electrochemistry experiments, the surface area of the 
counter electrode must be greater than the surface area of the working electrode to ensure that the rate of
electrochemical reactions is limited by the surface area of the working electrode [30]. 
 
Figure 2.3 HE ratios of reduction in area and KIC for alloy 718 tested in 34.5 MPa hydrogen gas and 
in an inert environment at a wide range of temperatures [29]. 
 
Stirring of the solution with an inert gas can alter the flux of ionic species in the electrolyte 
solution, which can affect the resistance of the solution and consequently the rates of reaction for 
potential controlled experiments [31]. If a cell is not open to the ambient environment, then the cell is 
described as deaerated, while a cell open to the ambient environment is aearated. The presence of O2 in an
aearated cell alters the open circuit potential for the system, so a potential controlled experiment in an 
aerated environment is likely to have different rates of reaction at the anode and cathode compared to a 
deaerated cell. 
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Hydrogen pre-charging can be performed prior to mechanical testing to cause hydrogen to diffuse 
deeper and more uniformly into a specimen than it would during a mechanical test with a duration of only 
a few days. Pre-charging can be done in a variety of environments such as gas and CsFo brine. Due to the 
low diffusivity of hydrogen in many CRAs, deep penetration of hydrogen usually requires charging at 
elevated temperatures [17,32– 4].  
Pre-charging can result in a different mechanical response for hydrogen embrittlement compared 
to in situ hydrogen charging because hydrogen is continuously introduced at the surface of the specimen 
and the crack tip for in situ charging, but hydrogen is likely to reach much deeper into the specimen and 
will segregate to hydrogen traps for pre-charging. Hydrogen from in-situ charging could reach similar 
depths as pre-charging in high temperature applications; however, hydrogen embrittlement is less severe 
at these temperatures. Pre-charging is sometimes used to study hydrogen embrittlement mechanisms in 
Ni-base CRAs but is not generally considered as relevant as in situ hydrogen charging for replicating the 
hydrogen embrittlement failures that occur in application. Pre-charging may be relevant for applications 
where an excursion to high temperature could occur that would result in a large amount of hydrogen 
absorption followed by a return to a lower temperature at which cracking could occur [35]. 
2.3.1 Slow Strain Rate (SSR) Tension Testing 
The most common test for hydrogen embrittlement susceptibility is the slow strain rate (SSR) 
tension test. In the SSR test, a specimen is pulled in tension at a very low constant strain rate until f ilure 
in either a hydrogen-rich environment or an inert environment. ASTM Standard G129 provides  
guidelines for slow strain rate testing to evaluate the susceptibility of materials to environmentally-
assisted cracking mechanisms [27]. Several different specimen geometries including smooth, notched, 
and pre-cracked are detailed, but specific environmental factors are not considered. Ratios of the results  
of the tests from both environments (yield strength, ultimate tensile strength, notched tensile strength, 
total elongation, and reduction of area) are compared for different alloys to determine relative 
susceptibilities for those alloys in the testing environment [26,27]. The benefits of slow strain ra e testing 
are the relatively short duration of the test, the simplicity of the testing setup, and the abili y to easily 
compare mechanical property data between materials [28,36]. On the other hand, the SSR test is a more 
severe test method compared to constant displacement/constant load tests because of the dynamic 
straining [28]. 
Testing parameters for SSR testing of stress corrosion cracking susceptibility are standardized in 
NACE TM0198 [26]; however, SSR testing parameters are not standardized for cathodic hydrogen 
embrittlement testing, so testing is rarely performed with the same testing parameters. These 
inconsistencies make comparison of results from different sources very difficult. NACE TM0198 is a 
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more recently developed standard than NACE TM0177 and indicates the development of the preference 
towards slow strain rate testing rather than constant load testing to assess corrosion-related cracking 
mechanisms primarily due to the shorter duration of the test. 
Two major factors to consider when performing SSR tests are strain rate and specimen geometry. 
The effect of strain rate on the reduction of mechanical properties for both SCC and HE is shown in the 
plot of elongation ratio versus strain rate in Figure 2.4. Unlike stress corrosion cracking, which is reduced 
by a passivating layer at slow strain rates, decreasing strain rate causes a decrease in mechanical 
properties for HE [36]. At very slow strain rates, the mechanical properties become much less sensitive to 
strain rate; in order to reduce variability, slow strain rate testing should be performed in this range of 
strain rates to minimize the effect of slight changes in strain rate and to ensure that the lower limit of 
mechanical properties is determined for all tests.  
Smooth specimens are the most commonly used specimen type for SSR tests, but sometimes 
experiments are performed with notched or pre-cracked specimens to evaluate the effect of a stress 
concentrator on hydrogen embrittlement susceptibility. There is a good correlation between the reduction 
of area ratios of smooth specimens and notched tensile strength ratios of notched specimens for slow 
strain rate testing [29] . For example, the variation of notched tensile strength and reduction of area of 
smooth specimens for electrodeposited nickel tested in 8.3 MPa hydrogen gas at a range of temperatures 
is shown in Figure 2.5. The minimum in mechanical property ratios for both specimen types is near room 
temperature, which indicates that room temperature is where hydrogen embrittlement is most severe. This 
is the same trend that was shown for smooth and pre-cracked specimens in Figure 2.3. Notched specimens 
can be used to accelerate hydrogen entry by localizing high hydrostatic stresses  [27].  
Many studies have been performed using slow strain rate tensile testing to evaluate the 
susceptibility of nickel-base CRAs to embrittlement in hydrogen-rich environments [1,2,6,17–20 3 –41], 
where susceptibility is often based on a comparison of tensile properties in the presence of hydrogen and 
in an inert or ambient environment. While increased hydrogen embrittlement susceptibility has been 
correlated to increased strength [38,40], the influence of microstructure at high strength levels is not fully 
understood for many nickel-base CRAs. Figure 2.6 shows the ratio of tensile elongation from SSR tests 
with cathodic polarization versus an inert environment (total elongation ratio) plotted against room 
temperature yield strength for several different Ni-base corrosion resistant alloys (718, 625 Plus, 925, 
935, 945, 945X, C22); the data were obtained from several studies [2,37,38,40,41]. There is no clear trend 
between hydrogen embrittlement susceptibility and strength level, which may be affected by several 




Figure 2.4 Schematic of elongation ratio versus strain rate for SSR testing of SCC and HE cracking. 
Adapted from [36]  
 
 
Figure 2.5 Notched tensile strength of notched specimens and reduction of area for smooth 
specimens of electro-deposited nickel tested at a range of temperatures in 8.3 MPa 
hydrogen gas [29]. 
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As previously stated, δ-phase precipitation on grain boundaries is known to increase hydrogen 
embrittlement susceptibility [1,2,17–20]. However, even removing the presence of extensive δ-phase 
precipitation does not clarify the correlation between hydrogen embrittlement and strength level. Figur  
2.7 is a plot of total elongation ratios versus yield strength for alloy 718 without extensive precipitation of 
δ-phase at the grain boundaries; the data were obtained from several different studies [2,37,38,40,41]. 
Again, there is no clear correlation between hydrogen embrittlement susceptibility and strength, and there 
is not sufficient information to deconvolute the influence of differences in microstructures and SSR 
testing parameters between the studies. The SSR testing parameters for the studies in Figure 2.6 and 
Figure 2.7 are listed in Table 2.4.  
Table 2.4 shows that SSR studies have used a variety of different testing parameters (strain ate, 
solution, electrolytic charging current density or potential, temperature, and pre-charging), which can 
make it difficult to compare results from one study to another. Besides strain rate and environmental 
testing parameters, there are other not commonly reported factors that can affect measured hydrogen 
embrittlement susceptibility.  
 
Figure 2.6  Ratio of elongation during cathodic hydrogen charging to elongation in an inert 
environment for slow strain rate tensile tests of several different Ni-base corrosion 
resistant alloys (718, 625 Plus, 725, 925, 935, 945, 945X, C22) versus the  room-




Figure 2.7  Ratio of elongation during cathodic hydrogen charging to elongation in an inert 
environment for slow strain rate tensile tests of alloy 718 with no grain boundary δ-phase 
versus the room-temperature yield strength (MPa) for each of those conditions 
[2,37,38,40,41]. 
 

















Cassagne [2] 0.5M H2SO4 5mA/cm
2 40 2 x 10-7 - 
Foroni [37] 0.5M H2SO4 5mA/cm




-1100 mV vs. 
Ag/AgCl 
24 4 x 10-6 48 
McCoy [40] 0.5M H2SO4 5mA/cm
2 - 1 x 10-6 - 
Kernion [41] 3.5 % NaCl 
-1100 mV vs. 
Saturated 
Calomel (SCE) 
- 4 x 10-6 - 
 
 
For smooth specimens, surface finish can affect results from simulated environments [28]. 
Polishing helps to decrease the influence of surface flaws on crack initiation so that the corrosion p ocess 
is responsible for the initiation of the crack; however, improper surface polishing could cause variability 
in results [28]. The rigidity of the tensile frame can also influence the results of SSR testing. When a test 
is performed at a constant displacement rate, the actual strain rate of the specimen, particularly in the 
elastic regime, is dependent on the compliance of the tensile frame. A less rigid frame results in a slower 
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strain rate for a given displacement rate. Slower strain rates can result in a decrease in mechanical 
properties in hydrogen environments [36]. Variations in hydrogen embrittlement susceptibility ratios may 
also occur because there is a larger stress driving crack propagation for alloys with higher strengths. The 
stress imposed on cracks during plastic deformation depends on the yield stress and work hardening rate 
of the alloys.  
There also can be a difference in hydrogen embrittlement mechanisms between pre-charging 
followed by mechanical testing and slow strain rate testing. For slow strain rate testing, crack initiation 
tends to occur on the surface of the material where the material is in contact with the hydrogen 
environment.  For pre-charging, microcracks can initiate in the specimen during mechanical loading 
where hydrogen has diffused to stress concentrations and these microcracks may merge with the main 
crack [20,42,43]. Strain rate also affects the degree of embrittlement for the pre-charging method. Like 
slow strain rate testing, a sufficiently slow strain rate is required for hydrogen assisted crack propagation 
to occur [39]. 
2.3.2 Accelerated Fracture Mechanics Hydrogen Embrittlement Testing 
Constant displacement or constant load fracture mechanics testing may be more representative of 
the actual loading conditions that an alloy experiences in service, but the long test durations (as long as 30 
days for Ni-base alloys) make it difficult to efficiently evaluate multiple alloys, microstructures, and 
environmental conditions. Methods for performing accelerated fracture mechanics tests to asse s 
hydrogen embrittlement while still determining sufficiently conservative fracture mechanics properties 
have been developed. 
The RSL test, also known as the incremental step loading technique in ASTM F1624 [44], is an 
accelerated fracture mechanics test to evaluate hydrogen embrittlement susceptibility and deermine 
threshold stress intensity factors (Kth) for crack propagation of a specimen tested with cathodic 
polarization. Ratios of Kth from specimens tested with cathodic polarization versus an inert environment 
can also be used to compare hydrogen susceptibilities between alloys. A schematic of a load versus time 
plot for an RSL test is shown in Figure 2.8. The test is performed by first loading a notched specimen to a 
predetermined value. When the load reaches the specified value, the specimen is held at a constant 
displacement for a predetermined amount of time [44]. After the hold time, the load on the specimen is 
increased by the same amount as the first loading step and again held at constant displacement for the 
same amount of time. In this thesis, the load increase in each step will be referred to as the step size and 
the hold time at constant displacement will be called the step time. In Figure 2.8, the curves have step 
sizes of 8,900 N (2000 lb) and 4,450 N (1,000 lb) and a step time of 2 h. The load on the specimen is 
incrementally increased in this manner until environmentally-induced crack growth occurs, which results 
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in a load drop during the hold at constant displacement. The loads associated with the step previous to 
where cracking occurred are used to determine Kth for crack growth in the testing environment [29,44]. 
ASTM F1624 provides guidelines for determining the step sizes and step times for steels, but nickel-base 
alloys may require longer hold times due to the much low diffusivity of hydrogen in nickel compared to 
steel.   
 
A recent study examined the effect of changing step time on RSL results of alloy 718 using 
4-point bend specimens with different microstructures, though the polarization potential was also varied 
simultaneously [41]. The solution used for the hydrogen- rich environment was 0.6 M NaCl, and the load 
increase for each step was kept constant at 18 N (4 lbs). Two combinations of hold times and voltages 
were tested. A voltage of -1.1 V versus SCE (saturated calomel electrode) with 3.5 hr step times was used 
to simulate cathodic protection and a voltage of -1.4 V versus SCE with 1 hr step times was performed to 
determine if higher voltages with longer step times could accelerate the test while achieving the same Kth 
values. The 3.5 h step time is longer than recommended in ASTM F1624 and was chosen due to the low 
diffusivity of hydrogen in alloy 718. Lower Kth values were produced with the -1.4 V/ 1 hr combination, 
which shows that the higher potential lowered the Kth values despite the shorter step times.  
Hydrogen embrittlement fracture mechanics testing can also be accelerated by testing the 
specimen with a constant loading rate or constant displacement rate. The standard ISO 7539-9 Preparation 
and Use of Pre-Cracked Specimens for Tests under Rising Load or Rising Displacement provides 
guidelines for performing this type of test [45]. For this methodology, loading and displacement rates 
must be decreased until a minimum Kth value is determined. A slow enough loading or displacement rate 
 
Figure 2.8  Load (N) versus time (h) schematic for rising step load tests with 8,900 N (2000 lb) 
and 4,450 N (1,000 lb) step sizes and 2 h step times.  
 20 
is necessary to ensure that sufficient hydrogen is entering the specimen to produce a conservative Kth. The 
K th of the alloy is most commonly determined using either a potential drop technique or by measuring the 
compliance of the specimen during the test [45].  
A study on the hydrogen embrittlement of two microstructural conditions of alloy 718, a large 
grain size condition with no δ-phase present and a small grain size condition with δ-phase present at the 
grain boundaries, determined stress intensity factors for crack propagation using a pre-cracked single ge 
notched tension (SENT) specimen strained at a constant displacement rate with crack growth monitored 
using a direct current potential drop (DCPD) technique [46]. The Kth values were dependent on applied 
electrochemical potential and microstructure; the effect of different displacement rat s was not evaluated. 
The study found that the minimum Kth was approximately the same for both conditions but occurred at 
different applied potentials.  
Hydrogen embrittlement accelerated fracture mechanics testing is normally performed with pre-
cracked specimens. The most common specimen type is the single edge notch bending (SENB) specimen 
[47–49], but it can be difficult to isolate the mechanical fixturing from the testing environment for this 
specimen type. As already mentioned, the single edge notch tension (SENT) specimen has also been used 
to evaluate hydrogen embrittlement of corrosion resistant alloys through accelerated fracture mechanics 
testing [46].  
The drawbacks of the single edge notch specimens are that a very thick specimen may be required 
to achieve true plane strain conditions due to the high ductility of these materials, and the specimens must 
be fatigue pre-cracked. A circular notch tensile (CNT) specimen, also known as a circular v-notch 
specimen, may be capable of achieving plane strain conditions with a less thick specimen. Also, it has 
been shown that fatigue pre-cracking may not be necessary if a sharp enough notch is cut in a circular 
notched tensile specimen [50]. Figure 2.9 shows a nearly direct correlation between KIc values determined 
from pre-cracked compact tension specimens and circular notched tensile specimens with Kt values 
between 6.0 and 8.0 produced from the same high strength alloys. These alloys included alloy 718, alloy 
625, MP35N, MP159, Ti-6Al-4V, and 4140 steel. 
2.4 Hydrogen Embrittlement Mechanisms and Fracture Surface Morphologies of Alloy 718 
Hydrogen embrittlement (HE) of corrosion resistant alloys in oil and gas production 
environments is a cracking process caused by the absorption of atomic hydrogen on the surface of an 
alloy and diffusion into the near region of that alloy that is under stress. It is important t note the 
similarities and differences between HE and the other main cracking mechanisms that CRAs can be 
susceptible to in oil and gas production environments: sulfide stress cracking (SSC) and stress corrosion 
cracking (SCC) [28]. All three mechanisms require a stress on the material and a corrosive environm t. 
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The cracking mechanism that occurs is dependent on the cathodic or anodic current density (iC or iA) and 
the electrochemical potential (E). Sulfide stress cracking (SSC) involves the ingress of hydrogen into the 
material to initiate and propagate a crack which is enhanced by corrosion due to H2S. Stress corrosion 
cracking (SCC) begins with anodic dissolution to form a crack, and then crack propagation can occur 
through several different mechanisms, including with the assistance of hydrogen [30]. Hydrogen 
embrittlement requires a cathodic reaction to produce hydrogen on an alloy, which leads to the formation 
of a crack. The propagation of a crack is enhanced by the presence of hydrogen in the plastic zone at the 
crack tip. The schematic in Figure 2.10 illustrates the initiation and propagation of a crack that occurs in 
Ni-base CRAs in the presence of hydrogen. 
 
 
Figure 2.9 Correlation of KIC values determined from pre-cracked compact tension specimens and 
circular notched tensile (CNT) specimens of high strength alloys (alloy 718, alloy 625, 
MP35N, MP159, Ti-6Al-4V, and 4140 steel). [50]. A 1:1 line is shown on the plot. 
 
There is still much debate as to the mechanisms that govern hydrogen embrittlement of materials. 
The mechanism for hydrogen embrittlement can be broken into two components: hydrogen-induced crack 
initiation and hydrogen-assisted crack growth. Crack growth for SSC, SCC, and HEC are all affected by 
hydrogen, but the crack initiation mode is different for each corrosion process.  
For HE, the hydrogen-initiated cracking mechanism is dependent on whether the hydrogen is 
present in the environment while the material is deformed or if the hydrogen is introduced befor  loading. 
The former is referred to as environmental hydrogen embrittlement (EHE), while the latter is known as 
internal hydrogen embrittlement (IHE). For environmental hydrogen embrittlement with no pre-charging, 
crack initiation occurs at the surface of the specimen where the material is in contact with the 
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environment [39,42]. Also for EHE, the propagation of hydrogen cracks is enhanced by hydrogen that is 
continuously absorbed at the crack tip. In IHE, cracks initiate where hydrogen preferentially diffuses and 
weakens the material. Hydrogen diffuses to regions of stress and strain concentration in the lattce such as 
precipitates, grain boundaries, and dislocation pile-ups [42,51]. 
 
 
Figure 2.10 Schematic showing cathodic reactions on the surface of Nickel-base alloys cause 
hydrogen cracks to initiate. Propagation of the crack is enhanced by the absorption of 
hydrogen at the crack tip. 
 
Hydrogen enhanced localized plasticity (HELP) is the mechanism generally considered to cause 
hydrogen-assisted crack growth in alloy 718 [39,51]. Hydrogen enhances plasticity by aiding the 
movement of dislocations through the material. Hydrogen atmospheres segregate around mobile 
dislocations and obstacles to dislocation movement which diminishes the stress fields and reduces the 
resistance to dislocation movement. Crack growth is enhanced when deformation is facilitated in the 
vicinity of the crack tip where hydrogen absorption is greatest. The hydrogen-assisted cracking 
mechanism may also be affected by decohesion due to hydrogen preferentially segregating to stress 
concentrations, such as precipitates or dislocation pile-ups, or along certain planes [39]. This hydrogen 
embrittlement mechanism is known as hydrogen enhanced decohesion (HEDE) and is a result of the 
weakening of atomic bonds due to high concentrations of hydrogen atoms at or near a crack tip[52] . A 
schematic of the HELP and HEDE mechanisms is shown in Figure 2.11. 
Generally, hydrogen embrittlement of alloy 718 is evaluated through mechanical testing in a 
hydrogen-rich environment or after pre-charging with hydrogen. Mechanical testing of alloy 718 with no 
absorbed hydrogen normally shows a ductile fracture appearance composed of primarily micro-void 
coalescence [17,32,34,39,41,46,51]. With increasing amounts of absorbed hydrogen, the ductility of alloy 
718 is normally decreased and the fracture appearance becomes more brittle [32,34,39,51]. Transgranular 
cracking and intergranular cracking have both been observed in the brittle regions of alloy 718 with 
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absorbed hydrogen. The morphology and amount of transgranular and intergranular cracking is dependent 
on both the microstructure and amount of absorbed hydrogen. 
 
Figure 2.11 Hydrogen enhanced localized plasticity (HELP) and hydrogen enhanced decohesion 
(HEDE) are the two mechanisms most frequently considered to be responsible for 
hydrogen embrittlement in Ni-base CRAs. 
 
Transgranular cracking in hydrogen embrittled alloy 718 can take multiple forms. Hicks and 
Altstetter described two forms of transgranular cracking in alloy 718 without extensive grain boundary δ 
precipitation [32]. Large flat facets, on the order of the grain size, with slip steps that resembl d river 
marks were observed and are shown in Figure 2.12a. Fine faceted areas, shown in Figure 2.12b, were 
composed of intersecting crystallographic planes and were determined to be {111} planes through cross-
sectioning and etching [32]. The amount of faceted transgranular fracture was observed to increase with 
increasing hydrogen contents [32,51].   
Slip band spacings in the vicinity of the crack and away from the crack were evaluated for 
hydrogen pre-charged and hydrogen free alloy 718 notched specimens [51]. For alloy 718 with no 
absorbed hydrogen the slip band spacing near the crack was not significantly different than the slip band 
spacing away from the crack. For alloy 718 with hydrogen, the slip band spacing in the vicinity of the 
crack was the same as without hydrogen, but the slip band spacing was much wider away from the crack. 
The wider slip band spacing away from the crack in the specimens with absorbed hydrogen indicated that 
deformation was localized to the vicinity of the fracture surface when hydrogen was present [51]. Slip-
band cracking has been observed in alloy 718 in several different studies and has been described as a 
transgranular cracking mechanism characterized by a faceted fracture occurring along slip bands due to 
preferential dislocation movement along these slip bands [39,51,52]. Hicks and Altstetter considered the 
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mechanism causing hydrogen embrittlement of alloy 718 to be the HELP mechanism due to the tendency 
for transgranular cracking to occur along narrow slip bands and along {111} planes [32,51]. Plasticity 
was thought to have been localized when hydrogen diffused to regions of lattice dilation and diminished 
the stress field necessary for slip. Slip then occurred on planes that dislocations had already passed along, 
which is preferred for lower stacking fault energy (SFE) FCC materials where cross-slip is difficult
[32,51]. The inability to cross-slip may have also resulted in pile-ups at interfaces such as twins and grain 
boundaries where micro-cracks could have formed [32,51]. Hicks and Altstetter did not rule out a HEDE 
mechanism as potentially contributing to the observed hydrogen cracking. 
Lillard et al. also observed similar faceted transgranular cracking features after crack growth 
testing with in situ cathodic hydrogen charging of pre-cracked alloy 718 specimens both with and without 
extensive grain boundary δ phase precipitation [46]. The stress intensity factor for crack growth with 
hydrogen (Kth) varied based on the applied charging potential. Steps and intersecting slip bands were 
observed on the transgranular facets, which were more common at higher Kth. At lower Kth, more 
intergranular cracking was evident for both microstructures, but transgranular cracking was still present 
[46]. A larger-grain size condition with less grain boundary δ phase had larger regions of intergranular 
facets and smaller regions of slip band transgranular cracking compared to a smaller-grain size condition
with more δ phase.  
Liu et al. also observed small transgranular facets in alloy 718 with grain boundary δ precipitates 
[17]. These microcleavage facets were replaced with microvoid coalescence as the amount of γ’ and γ” 
precipitation and/or δ phase precipitation was decreased [17]. Larger transgranular cleavage facets also 
initiated at δ precipitates and can be seen in the SEM fractograph in Figure 2.13. The increase in brittle 
cracking with increased γ’/γ” and δ phase precipitation was possibly due to lattice misfit of those phases 
with the matrix [17]. Hydrogen may become trapped at these particles and micro-cracks could form, 
accelerating the cracking process. The γ” phase was thought to be more influential on the hydrogen 
embrittlement sensitivity of alloy 718 than the γ’ phase because of the greater lattice misfit and volume 
fraction of the γ”. A greater effect on hydrogen embrittlement was observed for δ phase precipitation than 
for γ”. Figure 2.14 shows the effects of annealing to remove δ and/or γ’ and γ” on the percent loss of the 
reduction of area for 718 specimens pre-charged with hydrogen in a molten salt bath compared to 
uncharged specimens. δ-free alloys are alloys that were annealed to dissolve δ, while conventional alloys 
contain delta phase at the grain-boundaries. Totally annealed refers to alloys that were annealed to 
dissolve γ’ and γ”, while aged refers to alloys that have both γ’ and γ”. The downward shift of the line 
represents the effect of annealing to remove δ, which results in a greater decrease in susceptibility to 
hydrogen embrittlement compared to the slope of the lines which show the effect of annealing to remove 
the γ’ and γ” phases. The greater effect on hydrogen embrittlement observed for δ phase precipitation than 
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for γ’ and γ” precipitation was attributed to the greater lattice misfit of the δ precipitates with the matrix 





Figure 2.12 SEM fractographs of (a) large flat transgranular facets and (b) fine faceted areas 
composed of intersecting crystallographic planes from fracture surface of hydrogen 




Figure 2.13 SEM fractograph of a transgranular cleavage facet that initiated at the δ/matrix interface 
in alloy 718 with extensive grain boundary δ precipitation. ‘A’ indicates the location of a 
δ particle [17]. 
 
 
Figure 2.14 Percent loss of reduction in area for 718 specimens with different microstructures. 
Conventional alloys contain delta phase at the grain-boundaries, and δ-free alloys are 
alloys that were annealed to dissolve δ. Aged alloys contain γ’ and γ” precipitates, and  
totally annealed alloys are alloys that have been annealed to dissolve γ’ and γ”  [17].  
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Transgranular cleavage along {111} planes was also proposed for a hydrogen enhanced fracture 
mode in alloy 718 both with and without extensive grain boundary δ precipitation by Galliano et al. [34]. 
[34]. A SEM fractograph showing a fracture feature proposed to be transgranular cleavage around δ phase 
is shown in Figure 2.15. The raised triangular features were identified as δ phase precipitates through 
EDX mapping. Decohesion between δ precipitates and the matrix was considered to be the prevalent 
hydrogen embrittlement mechanism, although HELP was also considered as a possible mechanism for 
hydrogen cracking. Galliano et al. described this fracture mode as transgranular cleavage; however, the 
presence of δ phase in the SEM fractograph in Figure 2.15 indicates that this fracture could have occurred 
along grain boundaries where δ phase generally precipitates. At higher temperatures and faster strain 
rates, there was less of the proposed transgranular cleavage cracking for the microstructure witho t 




Figure 2.15 SEM fractograph showing transgranular cleavage around δ phase in alloy 718. The raised 
triangular features were identified as δ phase precipitates through EDX mapping [34]. 
 
Fournier et al. described similar cleavage microfacets in alloy 718 with grain boundary δ phase 
precipitation after SSR testing in a 1N H2SO4 solution with an applied current density of -100 mA/cm
2. 
[39]. In this case, the fracture surface appeared intergranular at low magnification but at higher 
magnification the cracks were not smooth, as shown in the SEM fractograph in Figure 2.16. These 
stepped features along the grain boundaries were believed to be transgranular cleavage microfacets that 
formed on {111} planes due to the HELP mechanism, but decohesion due to hydrogen segregation on 
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{111} planes could not be ruled out [39]. Transgranular cracking along grain boundaries was also 
proposed to occur in alloy 718 with grain boundary δ precipitation by Kernion et al [41].  
 
 
Figure 2.16 SEM fractograph showing cleavage mirco-facets along grain boundaries in alloy 718 
with extensive grain boundary δ phase [39]. 
 
Intergranular cracking is also frequently observed on the fracture surfaces of alloy 718 with 
absorbed hydrogen [46]. As previously mentioned, Lillard et al. observed more smooth intergranular 
cracking for specimens that produced a lower Kth from crack growth testing with in situ hydrogen 
charging. Small particles and ridges were observed on some intergranular facets, while indentations were 
observed on other facets [46]. These deviations could be due to the crack deflecting from its intergranular 
path at small grain boundary precipitates. Liu et al. observed intergranular micro-cracks that likely 
initiated at δ precipitates with trapped hydrogen [17]. Smooth intergranular cracking along with the 
previously mentioned transgranular cracking was observed in alloy 718 with and without extensive grain 
boundary δ precipitation by Galliano et al. [34]. Figure 2.17a shows an SEM fractograph of aged alloy 
718 without extensive δ phase that consists of a combination of smooth intergranular cracking with some 
transgranular cracking. Pre-charging of an annealed microstructure wi h no δ, γ’,  and γ” precipitation by 
Galliano et al. resulted in only smooth intergranular cracking as can be seen in the SEM fractograph in 
Figure 2.17b [34]. For this microstructure, hydrogen was considered to have preferentially diffused to 
grain boundaries, which was possibly influenced by impurity segregation to grain boundaries. Kernion et 
al. also noted the presence of smooth intergranular cracking of alloy 718 without grain boundary δ phase 
[41]. 
Several of the studies listed above observed smooth intergranular cracking of alloy 718 both with 
and without extensive δ phase precipitation; however, other studies observed only transgranular cracking 
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of alloy 718 with absorbed hydrogen. Variations in observed fracture appearance between different 
studies despite similar microstructures could be due to several different factors. SSR studies generally use 
smooth specimens, while crack growth studies employ pre-cracked or notched specimens which increase 
stress triaxiality and localize deformation. The greater stress triaxiality c n promote brittle fracture and 
cause hydrogen to preferentially diffuse towards the stress concentration at the notch. The difference in 
fracture appearance could also be due to the amount and location of absorbed hydrogen in the 
microstructure. Different in situ environmental parameters result in different amounts of absorbed 
hydrogen at a propagating crack tip.  On the other hand, pre-charging results in a more even hydrogen 
distribution through the specimen with localization at hydrogen trapping sites. Depending on the charging 
time, temperature, and polarization, pre-charging can result in different depths of hydrogen diffusion as 





Figure 2.17 SEM fractographs from pre-charged alloy 718 showing (a) smooth intergranular cracking 
and transgranular cracking for an aged microstructure without extensive grain boundary δ 
phase precipitation and (b) smooth intergranular cracking for an annealed microstructure 
[34]. 
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Crack growth studies of pre-cracked alloy 718 specimens without extensive δ phase revealed a 
larger amount of {111} planar facets at the edge of the cracks than at the center, which was considered to 
be a result of less constraint at the edge of the specimens [51]. The variation in hydrogen content a ross 
the width of the specimen was not evaluated, so a higher hydrogen content at the edges could also be 
responsible for the increase in transgranular cracking. Testing of some pre-cracked specimens was halted 
after some crack growth had occurred; the specimen was then baked to remove hydrogen and tensioned to 
failure. The point of maximum stress ahead of the hydrogen crack was evaluated, but no micro-cracks 
were visible, which showed that hydrogen was not preferentially diffusing to that point [51]. The lack of
micro-cracks ahead of the crack tip was considered to be evidence that hydrogen was changing the nature 
of slip and not redistributing at the crack tip, which implied that strain rather than stress may be a critical 
quantity for hydrogen embrittlement in alloy 718 [51]; however, the lack of micro-cracks at the point of 
maximum stress cannot be considered proof that stress did not affect the redistribution of hydrogen ahead 
of the crack tip. Through cross-sectioning and polishing of interrupted tests of notched specimens, it was 
observed that no preferential failure occurred along twin interfaces, and cracking occurred along {111} 
planes which were favorably oriented with respect to the applied load [51]. 
Galliano et al. stated that there may be a critical stress for decohesion between δ precipitates and 
the matrix that is lower than a critical stress for decohesion between γ’/γ” and the matrix. This difference 
in decohesion stress would explain the tendency for alloy 718 microstructures with δ phase to be more 
susceptible to hydrogen embrittlement [34]. One of the main supporting observations of a critical stress 
for decohesion was the lack of post-uniform elongation in tensile tests of hydrogen pre-charged 
specimens. However, those microstructures failed after 1 % or less of plastic elongation, which would 
imply that the critical stress was immediately above the yield stress. It may also be possible that once the 
yield stress was reached, hydrogen enhanced dislocation motion began and rapid crack growth occurred 
due to the high hydrogen content. 
2.5 Summary 
API standard 6ACRA provides guidelines for heat treatments and mechanical properties of alloy 
718 for use in oil and gas applications. Annealing is performed above 1020 °C to ensure dissolution of δ 
phase because of the well-documented increase in hydrogen embrittlement intergranular cracking with 
increased grain boundary δ phase precipitation [1,2,17–20] . Peak-aging is performed around 760 °C 
while aging at higher temperatures up to 802 °C results in over-aging of the γ’ and γ” primary 
strengthening phases. Recent hydrogen embrittlement field failures of Ni-base CRAs in oil and gas 
environments have occurred in microstructures that both have met and have not met the guidelines in API 
6ACRA.  
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SSR testing is the most commonly performed hydrogen embrittlement testing method for the 
evaluation of Ni-base CRAs in oil and gas applications. The SSR test has a short duration and is useful 
for comparing the relative HE susceptibilities of alloys and microstructures through mechanical property 
ratios between testing in the hydrogen environment and testing in an inert environment. Constant 
displacement fracture mechanics testing produces Kth values in hydrogen environments but has a lengthy 
test duration of up to 30 days. The RSL test method is an accelerated fracture mechanics test method that 
produces Kth values with a test duration similar to that of the SSR test. The RSL test uses holds at 
constant displacement at incrementally increased loads in order to replicate the constant displacement 
conditions that alloys experience in application. Rising displacement testing is another type of accelerated 
fracture mechanics test method and is essentially an SSR test of notched or pre-cracked specimns with 
an in situ method of determining the onset of crack growth, such as DCPD. 
Absorption of hydrogen in alloy 718 generally results in a change from ductile failure to 
transgranular and intergranular fracture modes. Several different forms of transgranular cracking have 
been observed in hydrogen embrittled alloy 718. Fine-faceted features have been described as cleavage 
cracking along {111} planes and have been proposed to be slip band transgranular cracking. These fine-
faceted features have been observed to occur along grain boundaries in alloy 718 with extensive grai  
boundary δ phase precipitation. Large faceted transgranular cracking features have also been observed in 
alloy 718. Smooth intergranular cracking has been observed in alloy 718 microstructures both with and 
without extensive δ phase precipitation and is sometimes mixed with transgranular cracking. HELP and 




CHAPTER 3: EXPERIMENTAL PROCEDURES 
The experimental design is described below and provides the rational for the testing methods used 
in this study. The following experimental procedures provide details of the testing methods. 
3.1 Experimental Design 
Experiments for this project were designed based on the two primary research objectives:  
1. Evaluate the effect of differences in precipitation phases, specifically δ, γ’, and γ”, and 
grain size, on the hydrogen embrittlement susceptibility and fractures modes of alloy 718. 
2. Compare the hydrogen embrittlement mechanical property and fracture surface results 
produced through the slow strain rate (SSR) tension testing method to the accelerated 
fracture mechanics rising step load (RSL) test method. 
 An initial heat treat study was performed to evaluate how varying annealing and aging 
temperatures and times would affect grain size, hardness, and δ phase precipitation. The results of this 
study are presented in Appendix A. From the results of this study, five different alloy 718 microstructures 
were chosen to be evaluated. Two different annealing heat treatments were evaluated to determine the 
effect of grain size on hydrogen embrittlement susceptibility of a peak-aged condition of alloy 718. These 
annealing treatments conformed to the allowed annealing treatments in API standard 6ACRA [23]. Four 
different aging heat treatments were chosen to assess the effect of grain boundary precipitates produced 
during aging and differences in strength produced by volume fraction and size of the primary 
strengthening precipitates γ’ and γ”. The peak-aging and over-aging treatments were performed to 
produce a high strength and a low strength condition through heat treatments that conformed to the API 
standard. Under-aging was performed at a temperature below the minimum aging temperature given in 
the API standard to attempt to produce a condition with no grain boundary δ phase and a similar yield 
strength to the over-aged condition. A double aging heat treatment was performed to intentionally 
precipitate large δ phase particles on a significantly greater fraction of grain boundaries compared to the 
other conditions and produce a comparable strength level as the peak-aged condition. 
SSR testing was performed as the primary hydrogen embrittlement test method because of the 
relevance and relatively short duration of the test. All 5 microstructures were evaluated through SSR 
testing. Specimen design was based on the NACE TM0198 standard for SSR testing [26]. In situ cathodic 
hydrogen charging was used because of the relevance to the hydrogen cracking observed in oil and gas 
applications. Environmental test parameters were chosen based on a common testing method used in the 
oil and gas industry. A constant cathodic charging current density was chosen to eliminate the effects of 
changes in pH and surface finish on the amount of hydrogen produced on the surface of the specimen 
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during testing. Potentiodynamic scans were performed to determine the electrochemical potentialthat 
corresponded to the applied cathodic charging current density and to determine how microstructure 
affected the rate of hydrogen production for a constant cathodic potential. The results of the 
potentiodynamic scans are presented in Appendix B.  In summary, the potentiodynamic scan results were 
independent of microstructure. 
RSL testing was performed to evaluate the similarities and differences in hydrogen embrittlent 
susceptibility and fracture modes produced by an accelerated fracture mechanics test method and the SSR 
test. RSL testing was chosen as the accelerated fracture mechanics test method to evaluate because the 
test attempts to replicate the loading conditions in application by holding the specimen at constant 
displacements for a majority of the test duration and because the RSL test method does not require 
additional instrumentation to identify the onset of crack growth). The peak-aged, over-aged, and under-
aged conditions were chosen to be evaluated through RSL testing because of the industrial relevance of 
those heat treatments. The same environmental parameters were used for RSL testing as for SSR testing 
to eliminate the effect of differences in testing environment on the hydrogen embrittlement 
susceptibilities and fracture modes. 
Microstructures were evaluated with high resolution SEM to evaluate the types and relative 
amounts of grain boundary precipitates. Mechanical properties of all microstructures were determined so 
that relationships between hydrogen embrittlement susceptibility and the mechanical properties could be 
identified. Fracture surfaces were evaluated through a variety of techniques so that the effect of 
microstructure and test type on the fracture mode in hydrogen could be evaluated and compared to 
fracture modes reported in the literature. 
3.2 Alloy 718 Processing 
Alloy 718 with the composition given in Table 4.2 was hot-rolled to a plate with a thickness of 
1.91 cm (0.75 in) and a width of approximately 23 cm (9 in). The plate was sectioned and furnace heat 
treated according to Table 4.1.  
The highest allowed annealing time and temperature within the guidelines of API standard 
6ACRA (1050 °C for 2.5 hours) was chosen for the first four heat treatments to ensure maximum 
dissolution of δ phase [23]. An annealing treatment with the lowest allowable temperature in API 
6ACRA, 1021 °C,  and shortest allowable time, 1 hour, was also performed to produce a condition with a 
considerably smaller grain size [23]. After annealing, the plates were water quenched to room 
temperature, and after aging the plates were air-cooled. Four different aging treatments were performed to 
assess the effect of microstructure on hydrogen embrittlement resistance: 
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 A peak-aging heat treatment, based on previous literature [8]and the assessment of aging 
parameters in the current study (Appendix A), was performed on the small and large grain 
size conditions with the lowest aging temperature and time allowable in the API 6ACRA 
standard, 760 °C for 6 hours [23].  
 An over-aging heat treatment was performed on the large grain size condition with the 
highest aging temperature and time allowable in the API standard, 802 °C for 8 hours [23].  
 An under-aged condition was produced with the large grain size condition to inhibit δ phase 
precipitation at a low aging temperature of 710 °C. Also, the size and volume fraction of the 
γ’ and γ” precipitates are likely different from the peak-aged and over-aged conditions.  
 A high δ condition was double-aged with a 950 °C, 4 h treatment to produce acicular δ phase 
at a majority of the grain boundaries followed by a 760 °C, 6 h heat treatment with the 
objective of achieving a similar strength level to the peak-aging heat treatment. This 
treatment was also performed on the large grain size condition. 
 





wt % Ni Cr Nb Mo Ti Al  Co 
Alloy 718 53.39 18.44 5.00 2.87 1.02 0.52 0.33 
C Mn Si P S B Cu Fe 
0.015  0.119 0.075 0.009 0.0004 0.003 0.10 17.99 
 








Age Time (h) 
Peak-aged 1050 2.5 760 6.0 
Over-aged 1050 2.5 802 8.0 
Under-aged  1050 2.5 710 6.0 
High δ  1050 2.5 950 and 760 4.0 and 6.0 
Small Grain Size  1021 1.0  760  6.0  
 
3.3 Mechanical Specimen Preparation 
Subsize tensile specimen blanks were machined from the plates of all five heat treatment 
conditions in the longitudinal direction by electrical discharge machining. Subsize tensile spec mens with 
a gauge length of 25.4 mm (1.00 in) and a gauge diameter of 3.81 mm (0.15 in), as specified in NACE 
TM0198 [26], were machined from the blanks and polished to a Ra surface finish of 0.254 µm (10 µin). A 
drawing of the subsize tensile specimen is given in Figure 3.1. 
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Figure 3.1  Drawing of the subsize tensile specimen based on NACE standard TM0198 [26]. 
Dimensions are in mm, except for surface finish (µm). 
 
Circular notch tensile (CNT) specimen blanks were machined from the plates of the peak-aged, 
over-aged, and under-aged heat treatment conditions in the longitudinal direction by electrical discharge 
machining. A drawing of the CNT specimen is shown in Figure 3.2.Circular notch tensile specimens were 
machined with a major diameter of 12.7 mm (0.50 in) and a diameter at the notch of 8.00 mm (0.315 in). 
The notch was turned down on a lathe. The notch radius of the CNT specimens was 0.086 mm ( .0034 in) 
or less resulting in a stress concentration factor (K t) of 6 or greater [53]. The specimens were polished to a 
Ra surface finish of 0.254 µm (10 µin). CNT specimens were chosen for fracture mechanics testing 
because CNT specimens with stress concentration factors of 6 or greater have been shown to produce 
fracture toughness values that are comparable to fracture toughness values from fatigue pre-cracked 
compact tension specimens [50]. Additional benefits of the CNT specimen are that a much smaller 
thickness can result in plane strain conditions and the simplicity of the experimental setup [50] 
 
Figure 3.2  Drawing of circular notched tensile (CNT) specimen for fracture mechanics testing. 
Dimensions are in mm, except for surface finish (µm). 
3.4 Material Characterization 
Metallographic samples of the 5 heat treatment conditions were sectioned from the heat treated 
plates. The samples were mounted in Bakelite and then ground and polished on the 9-mount automatic 
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polisher according to the procedure in Table 3.3. Specimens for LOM and SEM analysis were swab 
etched with Kalling’s No. 2 (200 ml methanol, 200 ml hydrochloric acid (HCl), 10 g cupric chloride 
(CuCl2)) for approximately 20 s each. Etching was performed immediately after the final polishing step to 
avoid the formation of a protective oxide coating. After etching, specimens were first rinsed with distilled 
water, then rinsed with ethanol, and finally dried with heated air. 
Light optical microscopy (LOM) was performed on an inverted Olympus PMG3 light optical 
microscope for grain size analysis and to determine if grain boundary δ phase precipitates were visible at 
low magnifications. The resulting grain sizes for each heat treatment were determin d with the concentric 
circles method outlined in ASTM standard E112 [54].  Scanning electron microscopy (SEM) was 
performed on an FEI Quanta 600i environmental scanning electron microscope (ESEM) and a JEOL 7000 
field emission scanning electron microscope (FESEM). Grain boundary precipitates and intragranular 
carbides were identified with energy dispersive x-ray spectroscopy (EDX). 
 
Table 3.3 – Grinding and Polishing Procedure to Prepare Specimens for Light Optical Microscopy (LOM) 
and Scanning Electron Microscopy (SEM) 
Step Compound Lubricant Pad Time (min) Force (N (lb)) 
1 None Water 240 grit Cameo Disk 4 133 (30) 
2 None Water 400 grit Cameo Disk 3 89 (20) 
3 None Water 600 grit Cameo Disk 3 89 (20) 
4 




LECO Lecloth 3-6 89 (20) 
5 




LECO Lecloth 3 89 (20) 
6 
0.05 µm colloidal 
silica 
None Imperial Cloth 2 89 (20) 
  
  
Rockwell C hardness of the two heat treatment conditions was performed according to 
ASTM E18 [55]. Room temperature tensile tests were performed in air with the subsize tensile specim ns 
at an engineering strain rate of 5.0 x 10-4 s-1 on a MTS Alliance RT/100 load frame. A 25.4 mm gauge 
length extensometer was used to measure displacement. Charpy impact toughness tests were performed 
according to ASTM E23 on standard size Charpy specimen type A with the notch machined in the 
longitudinal direction and at a temperature of -10 °C [56].  
Candidate stress intensity factors for crack growth (KQ) in air were determined by tensile tests of 
the CNT specimens at a constant displacement rate of 0.0127 cm/s (0.005 in/s ) on a 100 kip MTS 
hydraulic load frame. This constant displacement rate corresponded to rates of increase of stress intensity 
factor between 1.05 and 1.35 MPa•m1/2/s, which is within the recommended range of rates 
(0.75-2.50 MPa•m1/2/s) for quasi-static fracture toughness testing in ASTM E399 [57]. One test was 
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performed for each condition. The notch displacement was not measured so the crosshead displacement 
was used to determine the candidate load (PQ). KQ values were calculated based on the guidelines in 
ASTM E399 [57]. The load-displacement curve from the constant displacement test of the over-aged 
alloy 718 CNT specimen is given in Figure 3.3, along with the 95 % secant line, to show how PQ was
determined. All three load-displacement curves exhibited type 1 behavior with the 95 % secant curve 
intersecting the curve before the maximum load (Pmax); therefore, the intersection of the 95 % secant 
curve with the load displacement curve was chosen as PQ. For all conditions, the ratio of Pmax/PQ was less 
than 1.1, which is a requirement for plane strain conditions in ASTM E399 [57]. KQ was calculated from 
PQ with equation 3.1, where D is the major diameter of the specimen and d is the diameter at the notch 
[58]: 
                          3.1 
 
 
Figure 3.3  Load (N) versus displacement (mm) plot from the constant displacement test of th 
over-aged alloy 718 CNT specimen. The 95 % secant curve is also shown and PQ and 
Pmax are labeled. 
3.5 SSR and RSL Testing 
Slow strain rate tensile tests were performed on a screw-driven Cortest load frame (Figure 3.4a) 
with a load capacity of 44,500 N (10,000 lb). The load frame uses a stepper motor to apply a slow 
constant displacement rate. Displacement measurements were made with a linear variable differential 
transformer (LVDT) attached to the load frame, which is labeled in Figure 3.4a. Slow strain rate tensile 
tests were performed at an engineering strain rate of 1.0 x 10-6 s-1 and at a temperature of 21.0 °C.  Three 
tests were performed in the ambient laboratory environment, and three tests were performed with cathod c 
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polarization of the specimen for all five microstructural conditions. The electrochemical cell and 
specimen were electrically isolated from the Cortest load frame with ceramic and polymer washers. All 
specimens were pre-loaded to approximately 1500 N (337 lb). For all microstructural conditions, the 
ratios of the average yield stress, ultimate tensile stress, total elongation, and reduction in area from the 
cathodic polarization tests versus the ambient environment tests were calculated. 
The compliance of the Cortest frame and fixturing was determined to be 22 MN/m. This value is 
within the typical range of 7-32 MN/m for load frame stiffness [58]. A strain gauge was attached to an 
18-8 stainless steel tensile specimen. The specimen was then loaded through the elastic regime and the 
strain gauge measurements (ε) and the displacement measurements of the LVDT (x) were recorded. The 
compliance of the load frame was then calculated using the cross-sectional area (A), the gauge length (L), 
and the elastic modulus (E = 193 GPa) of the specimen with equation 3.2.  
           3.2 
 
A correlation between the actual strain rate of the specimen and the predicted strain rate from 
LVDT displacement measurements was determined for an alloy 718 subsize tensile specimen tested at 
different displacement rates in the elastic region and is shown in Figure 3.5. In the elastic region, the 
actual strain rate of the specimen is significantly less than the predicted strain rate using LVDT 
displacement measurements.  In the plastic region, the contribution of the displacement of the frame to the 
measured displacement is much smaller, so the actual strain rate is much closer to the measured LVDT 
strain rate. In other words, in the elastic regime, the strain rate is a strong function of the machine 
compliance, but in the plastic regime, the plastic strain rate becomes more dominant. For this testing, th  
strain rate in the plastic regime was approximately 1.0 x 10-6 s-1, but the strain rate in the elastic regime 
was likely to be much closer to the predicted specimen strain rate based on the frame compliance 
calculations. 
RSL tests were performed with cathodic polarization of the specimen on an Instru-Met load 
frame. A thin ceramic coating was applied to the grips used for RSL testing to electrically isolate the cell 
and specimen from the load frame. Rising step load tests were performed with either 4,450 N (1,000 lb) 
or 2,670 N (600 lb) step sizes and with either 2 h or 4 h step times on the peak-aged, over-aged, and 
under-aged conditions. According to ASTM F1624, the initial step size should be 5 % of the load to 
fracture when the specimen is pulled in tension at a constant displacement rate. Constant displacement 
rate tensile and rising step load testing results for the peak-aged and over-aged conditions were used to 
determine the RSL testing parameters. The under-aged condition was not used to determine RSL testing 
parameters, because the under-aged condition was not initially considered for RSL testing. The load for 
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fracture for the peak-aged and over-aged conditions was determined by tensile tests at a constant 
displacement rate of 0.0127 cm/s (0.005 in/s). The average load for fracture for the peak-aged and over-
aged conditions was approximately 89,000 N (20,000 lb), so the initial step size was chosen as 4,450 N 
(1,000 lb) (5 % of 89,000 N (20,000 lb)). The highest load for crack growth for the peak-aged and over-
aged conditions determined by the 4,450 N (1,000 lb) step size tests with cathodic polarization was 
53,400 N (12,000 lb), so 2,670 N (600 lb) was chosen as the next step size (5 % of 53,400 N (12,000 lb)). 
The step time of 4 h was chosen because 4 h is the longest step time suggested by ASTM F1624 [44]. A 
step time of 2 h was tested to evaluate the effect of decreasing step time on Kth. The same step sizes and 
step times were used for all conditions to allow for a direct comparison of Kth. A constant displacement 





Figure 3.4 (a) Cortest load frame with environmental cell for in-situ hydrogen embrittlement slow 
strain rate testing. (b) Higher magnification photograph of the electrochemical cell. 
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Figure 3.5  LVDT strain rate versus specimen strain rate for an alloy 718 specimen deforming 
elastically with a gauge length of 25.4 mm (1 in) and a diameter of 3.81 mm (0.15 in). 
 
A plot of load versus time from a rising step load test is shown in Figure 3.6 to demonstrate the 
methodology for determining Kth. The load decreased at a decreasing rate with time due to stress 
relaxation on every step before the onset of fracture as shown by the lowest step in Figure 3.6. When 
crack growth occurred, the load decreased at an increasing rate with time as shown by the highest step in 
Figure 3.6. The corresponding threshold load for crack growth, Pth, which was used to determine Kth, was 
chosen as the final load of the step before the onset of crack growth. Kth was calculated with the same 
equation used to calculate KQ, which is given in equation 3.1. 
The same environmental parameters and electrochemical cell design were used for all SSR and 
RSL tests with cathodic polarization. Cathodic polarization tests were performed in an acrylic cell with a 
volume of 0.5 L (Figure 3.4b). O-rings were slid onto the smooth sections of the specimens, outside the 
gauge length for the subsize tensile, and sealed to allow the specimen to elongate during the test and to 
prevent solution from leaking. The fittings for the gas in and out ports, the anodes, and the reference 
electrode were all made from Teflon or PFA to withstand the corrosivity of the electrolyte s ution. The 
electrolyte solution was 0.5 M H2SO4, and the solution was deaerated with 99.999 % pure argon gas. The 
argon gas was bubbled through the solution at a rate of 28 L/h (1 ft3/h) to stir the solution throughout the 
test. Cathodic polarization was performed at a current density of 5 mA/cm². Two iridium-tantalum oxide 
coated titanium mesh anodes functioned as the counter electrodes and were positioned on opposite sides 
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of the specimen. The combination of low cost and high stability over long testing periods is why 
dimensionally stable anodes were used. The surface area of the anodes was at least four times the surface 
area of the specimens. The electrochemical potential was monitored with a saturated calomel reference 
electrode (SCE). A Princeton Applied Model 273-A potentiostat/galvanostat was used to provide the 
cathodic polarization and record the electrochemical potential between the specimen and the reference 
electrode. These environmental testing parameters were chosen based on SSR testing methods frequently 
used in the oil and gas industry. A constant current density of 5 mA/cm2 was chosen so that the rate of the 
hydrogen production reaction on the specimen would be independent of changes in the pH of the solution 
over time. This current density corresponded to a cathodic potential of about -0.8 V versus SCE. 
Fracture surfaces were cleaned with methanol.  Images of the fracture surfaces were taken with a 
Nikon D70 camera. The fracture surfaces were also evaluated in the ESEM and the FESEM. Secondary 
electron imaging was performed at voltages of 15-20 kV and working distances of 15-25 mm. 
 
 
Figure 3.6  Load (N) versus time (h) plot for rising step load test with 2,670 N (600 lb) steps and 4 h 
step times of over-aged alloy 718 showing the step at which the onset of crack growth 





CHAPTER 4: RESULTS AND DISCUSSION 
In this chapter, the microstructures and mechanical properties for all alloy 718 heat treatment 
conditions are presented. The mechanical property ratios representing hydrogen embrittlement 
susceptibility produced through SSR testing are evaluated with respect to the alloy 718 microstructure , 
mechanical properties, and fracture modes. The effect of RSL loading parameters on the load at which 
crack growth begins and the resulting threshold stress intensity factors for crack growth (Kth) is evaluated. 
The Kth values and fracture surfaces produced through RSL testing are compared to the mechanical 
property ratios and fracture surfaces from SSR testing. The fracture modes of alloy 718 tested in the 
hydrogen environment are analyzed with respect to microstructure and are compared to fracture modes 
discussed in the literature. 
4.1 Microstructural Analysis 
The grain sizes for all five microstructural conditions are given in Table 4.1. Examples of 
micrographs used for all conditions to determine grain size are included in Appendix C. All reported 
errors in this document are one standard deviation of the measurements, except for the Kth valu s from 
RSL testing. The peak-aged, over-aged, and under-aged conditions had similar grain sizes with a mean 
intercept length of 129 µm for the peak-aged condition, 121 µm for the over-aged condition, and 132 µm 
for the under-aged condition.  The grain size of the high δ condition (146 µm) was slightly larger than the 
other heat treatments with the same annealing treatment, possibly due to grain growth during the higher 
temperature aging step. The grain size of the small grain size condition (57 µm) was less than half of the 
grain size of the peak-aged condition. 
Table 4.1 –Grain Sizes for Alloy 718 
Condition 




Under-aged  132±3 
High δ  146±7 
Small Grain Size  57±3 
 
 
SEM evaluation of grain boundaries revealed small δ phase precipitates in the peak-aged, over-
aged, and small grain size conditions, as can be seen in the SEM micrographs in Figure 3.1. The δ phase 
precipitates were present at many more grain boundaries and were much larger for the over-agd 
condition (Figure 4.1a) than the peak-aged condition (Figure 4.1b) and the small grain size condition 
(Figure 4.1c). Differences in the size and distribution of δ phase were indistinguishable between the large 
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and small grain size peak-aged conditions. No precipitates were found at the grain boundaries for the 
under-aged condition. The δ phase precipitates extended into the grains at many grain boundaries for the 
high δ condition as shown in the SEM image in Figure 4.2a. The SEM image of the high δ condition in 
Figure 4.2b also shows Mo-rich carbides. Mo-rich carbides were also found at grain boundaries in the 
high δ condition but with significantly less grain boundary coverage than δ phase. δ phase was identified 
by increased Nb concentrations through EDS analysis and known δ phase morphology. An example of an 
EDS spectrum from a δ phase precipitate in the high δ condition is shown in Figure 4.2c.  γ’ and γ” 
precipitates were identified by their morphology and relative volume fraction. Smaller γ’ and γ” 
precipitates were visible in the peak-aged (Figure 4.3a) and small grain size conditions compared to the 
over-aged condition (Figure 4.3b). The γ’ and γ” precipitates in the under-aged condition were too small 
to be visible with SEM. MC carbides (NbC and TiC) were present at grain boundaries and within gra ns 







Figure 4.1 SEM images of grain boundary δ phase precipitates in (a) peak-aged, (b) over-aged, and 








Figure 4.2 SEM images of (a) grain boundary δ phase precipitates and (b) Mo-rich carbides in the 
high δ alloy 718 condition. Etched with Kalling’s no. 2. (c) EDS spectum of a δ phase 
precipitate in the high δ alloy 718 condition. 
 
4.2 Room Temperature Mechanical Properties 
Table 4.2 provides Rockwell C hardness values, room temperature tensile mechanical property 
results, Charpy impact toughness testing results, and candidate stress intensity factors (KQ) f  all 
microstructural conditions of alloy 718. The conditions with the peak-aging heat treatment exhibited t e 
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highest yield strength, ultimate tensile strength, and hardness, followed by the over-aged condition and 
then the under-aged condition. The over-aged condition exhibited a greater work hardening rate than the 
peak-aged and under-aged conditions. The slightly lower strength level of the high δ condition compared 
to the other peak-aged conditions is most likely the result of δ phase precipitation during the first aging 
step decreasing the amount of available Nb for precipitation of γ”. The difference in grain size between 
the peak-aged condition and the small grain size condition did not significantly affect the hardn ss, 
strength, or elongation.  The under-aged condition exhibited the greatest total elongation followed by the 





Figure 4.3 SEM images of γ’ and γ” in (a) peak-aged and (b) over-aged alloy 718.  Etched with 
Kalling’s no. 2. 
 
The under-aged condition exhibited significantly greater impact toughness than the other 
conditions, and the impact toughness of the peak-aged condition was greater than the over-aged condition. 
The small grain size condition exhibited a lower impact toughness than the peak-aged condition but 
greater than the over-aged condition. It is not clear why the reduction in grain size for the peak-aged 
conditions resulted in a lower impact toughness, considering the smaller grain size condition exhibited a 
higher reduction in area in the tensile tests. The high δ condition exhibited the lowest impact toughness. 
With the exception of the small grain size condition, the impact toughness increased with a decreasing 
amount of grain boundary δ phase.  
The peak-aged condition exhibited the greatest KQ fracture toughness in air followed by the over-
aged condition and then the under-aged condition. For reference, a KQ value of 82.1 MPa•m1/2 has been 
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reported for alloy 718 from fracture toughness testing of compact tension specimens [50]. The KQ fracture 
toughness and the impact toughness did not show a direct relationship for the alloy 718 microstructures in 
this study; however, the KQ fracture toughness showed a direct relationship with YS and UTS. The 
load (N)-displacement (mm) curves for the constant displacement rate tests of the peak-aged, over-aged, 
and under-aged CNT specimens are plotted and labeled in Figure 4.4. The difference in the slope of the 
linear portion of the load-displacement curve for the under-aged condition is likely due to iff rences in 
the fixturing which resulted in a different frame compliance. The peak-aged and over-aged conditions 
showed similar behavior with limited plasticity at failure. On the other hand, the under-aged specimen 
failed at a lower load but exhibited a significantly greater amount of plasticity before failure. The greater 
amount of plasticity for the under-aged condition indicates that the KQ fracture toughness determined 
from the PQ load value might not be the best representation of fracture toughness for these experiments, 
which is discussed further in the following paragraph. However, it is clear from the load-displacement 
curves in Figure 4.4 that the area under the curve for the under-aged condition is much greater than for the 
other two conditions, which correlates to the Charpy impact toughness results where the under-aged 
condition had the greatest impact toughness at -10 °C.  
The under-aged condition had much greater tensile ductility than the other two conditions. The 
more ductile under-aged microstructure may have resulted in a larger plastic zone and a plane stress 
condition at the notch for the CNT specimen, while the notches for the peak-aged and over-aged 
conditions may have experienced plane strain conditions. The test of the under-aged condition may have 
been more representative of a notched tensile test than a fracture mechanics test because the stress 
triaxiality did not result in rapid brittle fracture.  
4.3 Slow Strain Rate (SSR) Tensile Testing 
The averages of the mechanical property results from the SSR tests performed in air and with 
cathodic polarization (CP) for the peak-aged, over-aged, under-aged, hi h δ and small grain size 
conditions are given in Table 4.3. The total elongation, yield stress, ultimate tensile stress (UTS), and 
reduction in area ratios between the cathodic polarization condition and the ambient environment fr all 
five microstructural conditions are given in Table 4.4. Figure 4.5 shows stress-strain curves from SSR 
testing with cathodic polarization and in air for the peak-aged, over-aged, under-age , high δ, and small 
grain size conditions, respectively. Only one representative stress-strain curve is shown for the tests in air. 
Ductility, as represented by total elongation and reduction in area, was reduced with hydrogen charging 
for all microstructural conditions. The yield strength ratios for all conditions were above 96 %, indicating 
that hydrogen had little or no effect on the stress required to initiate plastic deformation.  
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at -10 °C (J) 
KQ 
(MPa•m1/2) 
Peak-aged 39.0±0.4 989±0 1256±6 30.3±0.7 112±3 95.8 
Over-aged 35.0±0.5 757±16 1150±11 31.1±1.0 85±2 82.9 
Under-aged 30.2±0.8 718±5 1053±6 48.2±2.1 183±3 76.4 
High δ 38.4±0.6 957±0.5 1202±3 27.7±0.4 60±1 - 
Small Grain 
Size 




Figure 4.4 Load (N)-displacement (mm) curves from constant displacement rate tests of peak-aged, 
over-aged, and under-aged alloy 718 CNT specimens. 
 
SSR tests in air for all conditions failed by localized necking. The fracture surfaces of the peak-
aged, over-aged, under-aged, and small grain size specimens tested in air were ductile. A central fibrous 
region is circled and shear lips are visible outside of the circle in the macrophotograph of the fracture 
surface of the small grain size specimen after SSR testing in air, shown in Figure 4.6a; similar fracture 
surfaces were observed in the peak-aged, over-aged, and under-aged conditions. In contrast, the fracture 
surfaces of the high δ condition SSR tested in air (Figure 4.6b) showed a substantially smaller shear lip 
region and no central fibrous region. The high δ condition exhibited similar ductility to the peak-aged, 
over-aged, and small grain size conditions, even though SEM analysis showed the fracture surface of the 
high δ condition tested in air to be composed of ductile fracture mixed with  intergranular cracking. The 
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intergranular morphology was associated with ductile microvoid fracture that propagated along the grain 
boundaries.  
 
Table 4.3 - Mechanical Property Results for SSR testis with Cathodic Polarization and in the Ambient 
Environment for all Microstructure Conditions of Alloy 718  
Condition Environment 









Peak-aged Air 1006±11 1253±13 28.9±1.6 32.8±2.3 
Peak-aged CP 1000±14 1104±8 3.5±0.6 8.7±0.2 
Over-aged Air 769±14 1166±9 31.2±2.1 32.3±2.8 
Over-aged CP 765±12 947±19 5.8±0.7 9.9±0.4 
Under-Aged Air 775±1 1099±13 46.9±2.1 42.8±0.6 
Under-Aged CP 770±9 1002±7 21.4±2.3 22.7±0.4 
High δ Air 951±3 1204±2 29.2±1.1 30.3±1.1 
High δ CP 916±3 1042±12 2.3±0.3 7.2±1.4 
Small Grain Size Air 970±3 1262±8 32.4±2.0 39.5±1.8 
Small Grain Size CP 965±4 1132±22 4.4±1.2 9.9±2.3 
 
 
Table 4.4 - Mechanical Property Ratios for Hydrogen-rich Environment (Cathodic Polarization) Versus 





Area Ratio (%) 
0.2 % Yield 
Stress Ratio (%) 
UTS Ratio 
(%) 
Peak-Aged 12.1±2.1 26.4±1.9 99.4±1.8 88.1±1.1 
Over-Aged 18.7±2.7 30.8±2.9 99.5±2.5 81.2±1.7 
Under-Aged 45.6±5.4 53.0±1.3 99.4±1.2 91.2±1.3 
High δ 7.9±1.2 23.8±4.7 96.4±0.5 86.5±1.0 
Small Grain Size 13.6±3.9 25.1±6.0 99.6±0.5 89.5±1.9 
 
 
When tested in hydrogen, all conditions exhibited both brittle and ductile fracture features. The 
macrophotograph of a fracture surface of a small grain size specimen tested with cathodic polarization, 
shown in Figure 4.7a, exhibits a ductile region of microvoid coalescence (MVC) and a brittle region.
Brittle cracks initiated at the surface and extended into the material until the fracture mechanism 
transitioned to ductile microvoid coalescence at the interior of the specimen. The amount of brittle 
cracking varied between microstructural conditions. The fracture surface in the brittle region was 
composed of intergranular cracking (IGC) and transgranular cracking (TGC). Intergranular cracking and 
transgranular cracking in the brittle fracture region of a small grain size specimen tested in hydrogen is 
clearly visible in the SEM image in Figure 4.7b. Transgranular cracking in the peak-aged, over-aged, 
small grain size, and under-aged conditions resembled cleavage on specific crystallographic planes with 
visible river marks. SEM images of additional examples of regions containing transgranular cracking and 
intergranular cracking are shown for the small grain size condition in Figure 4.7c and for the over-aged  
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Figure 4.5 Engineering stress versus engineering strain curves for slow strain rate tensile tests of 
smooth subsize specimens with cathodic polarization (CP) and in air for alloy 718 in the 
(a) peak-aged, (b) over-aged, (c) under-aged, (d) high δ, and (e) small grain size 
conditions. Only one representative stress-strain curve is shown for air. 
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condition in Figure 4.7d. Cleavage cracking was sporadically located in the brittle regions and frequently 
occurred where a smooth intergranular feature intercepted a grain boundary or annealing twin. Fracture
features that appeared as deviations along the intergranular crack path were visible in all conditions. 





Figure 4.6 Macrophotograph of the fracture surfaces of alloy 718 after slow strain rate testing to 
failure in air of the (a) small grain size condition and (b) high δ condition. The fibrous 
zone in the center of (a) is circled with shear lips visible outside of the circle. 
 
The depth of hydrogen diffusion can be estimated using the bulk diffusion coefficient for 
hydrogen in alloy 718 at room temperature (2 x 10-15 m2/s) and could only have reached approximately 
10 µm into the material at yielding due to the slow diffusivity of hydrogen in nickel [59]. If hydrogen was 
only absorbed on the surface of the specimens, then the shallowest estimated depth of hydrogen diffusion 
at failure would be for the high δ condition (~15 µm) and the greatest estimated depth of hydrogen 
diffusion at failure would be for the under-aged condition (~28 µm), due to the differences in time to 
failure. The depth of hydrogen cracking was as much as 1.5 mm for the high δ condition and therefore 
much greater than the estimated depth of hydrogen diffusion for absorption of hydrogen at the surface of 
the specimen.  The greater depth of hydrogen cracking was most likely due to hydrogen absorption at the 
propagating crack tip. 
The results of the peak-aged and over-aged conditions with the large grain size highlight how 
aging treatments affected hydrogen embrittlement susceptibility and were industrially relevant because 
both of the heat treatments conform to API standard 6ACRA. The over-aged condition exhibited a greater 
total elongation ratio (18.7 %) and reduction in area ratio (30.8 %) than the peak-aged condition (12.1 % 
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total elongation ratio and 26.4 % reduction in area ratio). On the other hand, the ultimate tensile s rength 
ratio for the over-aged condition (81.2 %) was lower than the ultimate tensile strength ratios for all other 
conditions because of the higher work hardening rate for the over-aged condition. That is, the loss of 
plastic deformation due to premature failure in hydrogen prevents the greater increase in stress from work 
hardening that the over-aged condition experiences compared to the other conditions.  
   The ratio of total elongation in the hydrogen-rich environment versus the ambient environment 
for the under-aged condition (45.6 %) was significantly greater than for any other condition. A 
macrophotograph of the fracture surface of the under-aged condition tested in hydrogen is shown in 
Figure 4.8a, and the main region of brittle fracture is highlighted. The under-aged condition exhibited less 
brittle fracture than any of the other conditions when tested in hydrogen. There were a few additional 
short brittle cracks at the edges of the fracture surface, and the cracks were all connected by ductile 
microvoid coalescence. The SEM image of the fracture surface of the under-aged condition tested in 
hydrogen in Figure 4.8b shows more transgranular cracking and microvoid coalescence and much less 
intergranular cracking in the brittle region compared to the brittle regions of the other c nditions. The 
smaller amount of intergranular cracking may be due to the lack of δ phase at the grain boundaries 
compared to the other conditions. The correlation between better ductility and less intergranular crcking
in the under-aged condition suggests that fast, brittle cracking occurs more readily through the condi ions 
containing δ phase on the grain boundaries.  
The high δ condition had the lowest total elongation ratio (7.9 %), which was expected due to the 
high amounts of grain boundary precipitates (acicular δ phase and Mo-rich carbides) and the known 
effects of δ phase on hydrogen embrittlement susceptibility [1,2,17–20]. The macrophotograph of the 
fracture surface of the high δ condition SSR tested in hydrogen in Figure 4.9a shows a greater amount of 
brittle fracture than for any other condition. The brittle fracture of the high δ condition was composed 
entirely of intergranular cracking, which transitioned to ductile fracture at the center of th  specimen. The 
higher magnification SEM image of the brittle region of the high δ condition in Figure 4.9b shows  
mostly intergranular facets with a serrated pattern which differs from the smooth intergranular facets of 
the other conditions, though some facets were smooth and showed the deviations from intergranular 
cracking like those observed in the other conditions. I  the high δ condition, the δ phase was present at 
many more grain boundaries, was much larger, and extended deeper into the grains than in the other 
conditions, so the primarily serrated appearance of the intergranular facets is most likely due to the cracks 
propagating along the δ/matrix interface at the grain boundaries. The increase in δ phase, and potentially 
to a lesser extent Mo-rich grain boundary carbides, likely facilitated intergranula  cracking in hydrogen, 
which resulted in a larger amount of brittle cracking, no transgranular cracking, and a decrease in tensile 
elongation and reduction in area. The greater amount of cleavage transgranular cracking for the more 
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ductile under-aged condition and the complete lack of cleavage transgranular cracking for the high δ 
condition may show that hydrogen cracks prefer to propagate along grain boundaries with δ phase, but 









Figure 4.7 (a) Macrophotograph of an SSR specimen fracture surface of the small grain size 
condition of alloy 718 tested under cathodic polarization and showing regions of 
intergranular cracking (IGC), transgranular cracking (TGC), and ductile microvoid 
coalescence (MVC). (b) SEM image of the brittle fracture region of the small grain size 
condition of alloy 718 tested under cathodic polarization. (c) SEM image of transgranular 
cracking that occurred along specific crystallographic planes mixed with smooth 
intergranular cracking of the small grain size condition of alloy 718. (d) SEM image of 
intergranular and transgranular cracking in an SSR specimen fracture surface of the over-
aged condition of alloy 718 tested under cathodic polarization. Fracture features that 







Figure 4.8 (a) Macrophotograph highlighting a small region of brittle fracture visible on the fracture 
surface of the under-aged condition of alloy 718 tested in hydrogen and (b) SEM image 
of the brittle crack region showing a combination of transgranular cracking, intergranular 







Figure 4.9 (a) Macrophotograph showing extensive intergranular cracking with some ductile 
fracture on the fracture surface of high δ alloy 718 SSR tested in hydrogen and (b) SEM 
image showing serrated morphology on intergranular cracking facets. 
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The small grain size condition and the peak-aged condition had the same aging heat treatment, 
but the grain size of the peak aged condition (129 µm) was approximately twice the grain size of the small 
grain size condition (57 µm) due to the different annealing treatment.  The difference in grain size had 
almost no effect on the yield strength, ultimate tensile strength, and total elongation of the peak-aged 
conditions when tested in air. In SSR testing, the smaller grain size condition exhibited a slightly better 
total elongation ratio (13.6 %) than the peak-aged condition (12.1 %) but a slightly worse reduction in 
area ratio (25.1 % versus 26.4 %) as shown in Table 4.3. The reduction in area in air for the small grain 
size condition was well above the peak-aged condition which may contribute to the lower reduction in 
area ratio. It is not clear why the small grain size condition may have experienced more localized 
deformation at the neck than the large grain size peak-aged condition when SSR tested in air. The total 
elongation and reduction in area ratios were within one standard deviation of each other, so the difference 
between the ductility ratios of the two conditions are not considered statistically significant. Lillard et al. 
observed a decrease in intergranular cracking for alloy 718 with a reduction in grain size despite more δ 
phase present at the grain boundaries and proposed that a lower concentration of impurities at the grain 
boundaries for a smaller grain size could have affected the intergranular fracture strength [46]; however, 
the peak-aged conditions with two different grain sizes studied here showed no significant difference in 
the amount of intergranular cracking. There was no statistical difference in hydrogen embrittl ent 
susceptibility for these two conditions which corresponds to the similarity in fracture appearance as well 
as the presence of small δ phase precipitates at the grain boundaries of both conditions. 
All specimens tested in air exhibited orange peel along the gauge length with no visible surface 
cracking. When tested in the hydrogen-rich environment, all conditions exhibited surface cracking on the 
gauge length, mostly concentrated near the fracture surface. The macrophotograph in Figure 4.10 shows 
surface cracking along the gauge length near the fracture for the high δ condition tested in hydrogen. The 
high δ condition appeared to have the most surface cracking, while the under-aged condition had the least.  
The difference in hydrogen embrittlement susceptibility of alloy 718 was influenced by both 
grain boundary precipitates and the volume fraction and size of th γ’ and γ” primary strengthening 
phases. Differences in γ’ and γ” are evident when comparing the strength levels of the different heat 
treatment conditions and the work hardening behavior, which is affected by size and coherency of the 
precipitates. A plot of the total elongation ratios versus yield strengths for all heat treatment conditions of 
alloy 718 is shown in Figure 4.11a. The under-aged and over-aged conditions have similar yield 
strengths, but the under-aged condition has vastly superior hydrogen embrittlement resistance. The lack of 
grain boundary precipitates in the under-aged condition had a significant effect on the greater hydrogen 
embrittlement resistance of that condition, as evidenced by transgranular cracking in the brittle r gion of 
the specimens tested with cathodic polarization.  
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Figure 4.10 Macrophotograph of surface cracking in the vicinity of the fracture of high δ alloy 718 
after SSR test with cathodic polarization. 
 
The over-aged condition had greater hydrogen embrittlement resistance than the peak-aged 
condition despite the larger size and amount of grain boundary δ phase. Besides the grain boundary 
precipitates, the other main difference between the over-aged and peak-aged condition is the volume 
fraction and size of the γ’ and γ” primary strengthening phases, which therefore also affects the hydrogen 
embrittlement susceptibility of alloy 718. The over-aged condition has a much higher work hardening rate 
than the other conditions as can be seen in the stress-strain curves in Figure 4.5, which implies it contains 
larger and possibly less coherent precipitates [58]. 
Figure 4.11b shows a plot of the total elongation ratios versus ultimate tensile strengths for all 
heat treatment conditions of alloy 718. Differences in strength are almost entirely due to changes in γ’ and 
γ”, and the hydrogen embrittlement susceptibility tends to increase with increasing ultimate tensile 
strength. Above an ultimate tensile strength of 1200 MPa there is no clear correlation between strength 
and ductility ratios for the peak-aged conditions, which is most likely due to microstructural differences 
other than the aging of the γ’ and γ”. The lower strength level of the high δ condition compared to the 
other peak-aged conditions is the result of δ phase precipitation during the first aging step decreasing the 
amount of available Nb for precipitation of γ”. Changes in grain size did not have a statistically 
significant effect on the strength level and hydrogen embrittlement susceptibility of the peak-aged 
condition. 
Total elongation ratios for all conditions are also plotted versus impact toughness in Figure 4.11c. 
Increasing impact toughness appeared to correlate to increasing hydrogen embrittlement resistance as the 
under-aged condition had the greatest impact toughness and total elong tion ratio, the high δ condition 
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had the lowest impact toughness and total elongation ratio, and the other three conditions had impact 
toughnesses and total elongation ratios in between the under-aged and high δ conditions. However, 
impact toughness appeared to be a better indicator of grain boundary precipitation than hydrogen 
embrittlement resistance. Excluding the small grain size condition, impact toughness directly correlated 








Figure 4.11 Total elongation ratio (%) versus (a) yield strength (MPa) and (b) ultimate ensile 
strength (MPa) for all heat treatment conditions of alloy 718. 
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In addition to microstructural differences, hydrogen embrittlement susceptibility determined by 
SSR testing may be affected by the stress imposed on cracks during plastic deformation, which depends 
on the yield stress and work hardening rate of the alloys. There is a larger stress driving crack propagation 
for alloys with higher strengths which could affect the stress intensity factor at the crack and onsequently 
the rate of crack propagation during the SSR test.  
Clearly, the hydrogen embrittlement susceptibility of alloy 718 is affected by both grain boundary 
precipitation and γ’ and γ” volume fraction and/or size, as best evidenced by the over-aged condition 
which had inferior hydrogen embrittlement resistance compared to the under-aged condition, even though 
both conditions had almost identical yield strengths; in contrast, the over-aged condition had superior 
hydrogen embrittlement resistance compared to the peak-aged condition despite having more grain 
boundary δ phase. Further investigation is required to determine the effect of differences i  γ’ and γ” 
volume fraction and size on the mechanism of hydrogen embrittlement in alloy 718.  
4.4 Rising Step Load (RSL) Testing 
Load versus time curves from RSL testing under cathodic polarization are shown in Figure 4.12 
for the peak-aged, over-aged, and under-aged conditions. Each curve is labeled with the step size and step 
time with which the test was performed, and the arrows indicate the step at which crack growth began. 
The effect of step time varied for the three conditions. For the over-aged and under-aged conditions with 
4,450 N (1,000 lb) and 2,670 N (600 lb) step sizes and the peak-aged condition with the 4,450 N (1,000 
lb) step size, there was no effect of step time on the step at which crack growth occurred. For the peak-
aged condition with 2,670 N (600 lb) step sizes, crack growth began one step earlier for the test with 4 h 
step times (45,400 N (10,200 lb)) than the test with 2 h step times (48,000 N (10,800 lb)).  
Changing the step size had a more consistent effect on the RSL results. Decreasing the step size 
resulted in crack growth occurring at a lower load for every combination of aging condition and step time. 
However, crack growth at a lower load for the 2,670 N (600 lb) step sizes does not necessarily result in a 
lower Kth because Kth is determined by the final load of the previous step. For example, if crack growth 
occurred at the 48,900 N (11,000 lb) step for 4,450 N (1,000 lb) step sizes, then the step for determining 
K th would be the 44,500 N (10,000 lb) step, and if crack growth occurred at the 48,000 N (10,800 lb) step 
for 2,670 N (600 lb) step sizes, then the step determining Kth would be the 45,400 N (10,200 lb) step. A 
higher Kth would result from the 45,400 N (10,200 lb) force used for the calculation with the 2,670 N 
(600 lb) step size than the 44,500 N (10,000 lb) force used for the calculation with the 4,450 N (1,0 0 lb) 
step size. 
The load versus time curves for the peak-aged and over-aged conditions from Figure 4.12 a re-
plotted with step sizes of 4,450 N (1,000 lb) in Figure 4.13a and step sizes of 2,670 N (600 lb) in 
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Figure 4.13b to show differences between the peak-aged and over-aged conditions. Crack growth began 
in the peak-aged condition one load step before crack growth began in the over-aged condition for the 
4,450 N (1,000 lb)-4 h, 4,450 N (1,000 lb)-2 h, and 2,670 N (600 lb)-2 h combinations of step size and 
step time. For the 2,670 N (600 lb)-4 h combination, crack growth began in the peak-aged condition two 
load steps before crack growth began in the over-aged condition. The load versus time curves for the 
over-aged and under-aged conditions from Figure 4.12 are re-plotted with step sizes of 4,450 N (1,000 lb) 
in Figure 4.14a and step sizes of 2,670 N (600 lb) in Figure 4.14b to show differences between the over-
aged and under-aged conditions. Crack growth began in the over-aged condition five load steps befor 
crack growth began in the under-aged condition for the 4,450 N (1,000 lb) step sizes and 8 load steps for 







Figure 4.12 Load (N) versus time (h) plots for RSL tests of all y 718 in the (a) peak-aged (b) over-
aged and (c) under-aged conditions with cathodic polarization. Each curve is labeled with 







Figure 4.13 Load (N) versus time (h) plots for RSL tests of peak-aged and over-aged alloy 718 with 
step sizes of (a) 4,450 N (1,000 lb) and (b) 2,670 N (600 lb). Each curve is labeled with 
the aging condition and step time. The arrows indicate the step at which crack growth 






Figure 4.14 Load (N) versus time (h) plots for RSL tests of over-aged and under-aged alloy 718 with 
step sizes of (a) 4,450 N (1,000 lb) and (b) 2,670 N (600 lb). Each curve is labeled with 
the aging condition and step time. The arrows indicate the step at which crack growth 
began for each test. 
 
Table 4.5 shows the initial load of the step at which crack growth occurred and the resulting Kth 
for all RSL tests of all three heat treatment conditions. Even though Kth is determined by the load at the 
end of the same step for many of the tests, small differences in Kth occur due to different amounts of 
stress relaxation and small differences in specimen dimensions. The tests with step sizes of 2,670 N 
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(600 lb) have less uncertainty than the tests with step sizes of 4,450 N (1,000 lb). The uncertainty of Kth 
given in Table 4.5 is the change in Kth produced by each increase in load, so smaller step sizes result in 
smaller uncertainties.  
The higher measured Kth of the over-aged condition (47.7 MPa·m
1/2) than the peak-aged 
condition (42.9 MPa·m1/2) at all step sizes and step times shows that the peak-aged condition was more 
severely embrittled when tested with cathodic polarization even though the over-aged condition had a 
lower KQ in air and a lower Charpy impact toughness. The under-aged condition exhibited the highest Kth 
values (69.6) from RSL testing, which demonstrates the significantly greater hydrogen embrittlement 
resistance of the under-aged condition.  
 
Table 4.5 – Rising Step Load Test Results for Alloy 718 Tested with Cathodic Polarization  
Condition Step Size (N (lb)) Step Time (h) 
Initial Load of Crack 
Growth Step (N (lb)) 
K th (MPa·m
1/2) 
Over-aged 4,450 (1,000) 4 53,400 (12,000) 50.0±4.6 
Over-aged 4,450 (1,000) 2 53,400 (12,000) 49.8±4.6 
Over-aged 2,670 (600) 4 50,700 (11,400) 49.1±2.8 
Over-aged 2,670 (600) 2 50,700 (11,400) 47.7±2.7 
Peak-aged 4,450 (1,000) 4 48,900 (11,000) 44.6±4.5 
Peak-aged 4,450 (1,000) 2 48,900 (11,000) 44.9±4.5 
Peak-aged 2,670 (600) 4 45,400 (10,200) 42.9±2.7 
Peak-aged 2,670 (600) 2 48,000 (10,800) 45.2±2.7 
Under-aged 4,450 (1,000) 4 75,600 (17,000) 70.2±4.5 
Under-aged 4,450 (1,000) 2 75,600 (17,000) 70.8±4.5 
Under-aged 2,670 (600) 4 72,100 (16,200) 69.7±2.7 
Under-aged 2,670 (600) 2 72,100 (16,200) 69.6±2.7 
 
 
A macrophotograph of the fracture surface of an over-aged alloy 718 CNT specimen after a 
constant displacement rate test to failure in air is shown in Figure 4.15a. The fracture surfaces of the CNT 
specimens of the peak-aged and over-aged conditions tested in air consisted of a combination of 
intergranular fracture and ductile microvoid coalescence. The brittle fracture surface featur s are a result 
of the stress triaxiality introduced by the notch. Figure 4.15b shows a macrophotograph of the fractur  
surface of an under-aged alloy 718 CNT specimen after a constant displacement rate test to failure in air; 
a fibrous zone is visible at the center of the fracture surface which is representative of  more ductile 
failure and indicates that failure likely initiated at the center of the specimen and ot at the notch. The 
fracture surface of the under-aged condition tested in air appears more ductile than the fracture surfaces of 
the other two conditions even though the under-aged condition had a lower KQ toughness value. The 
presence of the fibrous zone indicates that unstable brittle fracture did not occur in the consant 
displacement rate test of the under-aged CNT specimen; therefore, the constant displacement rate test in 
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air of the under-aged condition may not have been representative of a fracture mechanics test and instead 
more representative of a notched tensile test. For a fracture mechanics test, the KQ that results should be 
the K at the onset of unstable brittle fracture; however, for the under-aged condition the grea er tensile 





Figure 4.15 Macrophotographs of the fracture surface of (a) over-aged and (b) under-aged alloy 718 
CNT specimens after constant displacement rate testing to failure in air. 
 
RSL testing while cathodically charging the specimens produced a ring of brittle fracture starting 
at the notch and extending toward the center of the specimen for all three conditions. Macrophotographs 
of the fracture surfaces after RSL testing under cathodic polarization are shown for the over-aged 
condition in Figure 4.16a and the under-aged condition in Figure 4.16b. For all three conditions, the 
fracture transitioned to ductile microvoid coalescence at the center of the specimen, but the area of ductile 
fracture was not always centered at the middle of the specimen because the depth of brittle fracture was 
not always uniform around the perimeter of the specimen. The depth of brittle fracture for the under-aged 
condition was significantly shallower than for the other two conditions, and there is greater topography in 
the large ductile center of the fracture surface of the under-aged condition. The transition from brittle to 
ductile fracture is shown in the SEM image of the fracture surface of the over-aged condition in 
Figure 4.17.  
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SEM evaluation of the brittle regions of the peak-aged and over-aged conditions revealed a 
combination of primarily smooth intergranular cracking with some transgranular cracking. For the under-
aged condition, the brittle region was dominated by transgranular cracking with some intergranular 
cracking and microvoid coalescence. For all heat treatment conditions, the same hydrogen-affected 
fracture features were observed in the brittle regions of the fracture surfaces from the RSL tests with 
cathodic polarization and the brittle regions of the fracture surfaces from the SSR tests with cathodic 
polarization. Transgranular cracking along specific crystallographic planes and deviations from 
intergranular cracking that were observed in the hydrogen cracking regions of the SSR tests as shown in 




Figure 4.16 Macrophotographs of the fracture surfaces after RSL testing under cathodic polarization 
of the (a) over-aged condition and (b) under-aged condition of alloy 718. 
 
4.5 SSR and RSL Testing Comparison 
K th from the RSL tests with cathodic polarization and the mechanical property ratios (total 
elongation, YS, UTS, and reduction in area) determined by SSR testing with cathodic polarization and in 
air for all three heat treatment conditions are provided for comparison in Table 4.6.  K ratios, which are 
defined as the lowest Kth from the RSL tests under cathodic polarization for the peak-aged and over-aged 
conditions divided by the KQ determined by the constant displacement rate test of the CNT specimen in 
air, are also given in Table 4.6. A K ratio was not calculated for the under-aged condition because the 
constant displacement rate test of the under-aged condition was not representative of a fracture mechanics 
test as demonstrated by the onset of fracture at the center of the specimen. 
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Figure 4.17 SEM image of transition from brittle fracture region to ductile fracture region of over-
aged alloy 718 tested under cathodic polarization. 
 
Table 4.6 – Mechanical Property Ratios for Hydrogen-rich Environment (Cathodic Polarization) Versus 














Peak-Aged 42.9±2.7 44.8±2.8 12.1±2.1 99.4±1.8 88.1±1.1 26.4±1.9 
Over-Aged 47.7±2.7 57.5±3.3 18.7±2.7 99.5±2.5 81.2±1.7 30.8±2.9 
Under-Aged 69.6±2.7 - 45.6±5.4 99.4±1.2 91.2±1.3 53.0±1.3 
 
 
The Kth values for all conditions are plotted versus the total elongations ratios from the SSR tests 
in Figure 4.18. The higher Kth of the under-aged (69.6 MPa•m1/2) condition followed by the over-aged 
condition (47.7 MPa•m1/2) and then the peak-aged condition (42.9 MPa•m1/2) shows the same trend as the 
total elongation and reduction in area ratios determined by the SSR tests. The higher K ratio of the over-
aged condition (57.5 %) compared to the peak-aged condition (43.4 %) also shows the same trend as the 
total elongation and reduction in area ratios. As was shown in the SSR tests, the over-aged condition was 
more resistant to hydrogen embrittlement than the peak-aged condition despite having greater amounts of 
δ phase precipitation on grain boundaries, and the under-aged condition was the most resistant to 
hydrogen embrittlement and had no grain boundary δ phase. 
In this study, the peak-aged condition had a higher KQ and impact toughness than the over-aged 
condition, but had a lower Kth from RSL testing with cathodic polarization. On the other hand, the under-
aged condition had the highest impact toughness and the highest Kth. Again, these results indicate that 
hydrogen embrittlement susceptibility is influenced by both the γ’ and γ” strengthening precipitates and 
the grain boundary precipitates.  
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Figure 4.18 Kth determined from RSL testing is plotted versus total elongation ratios from SSR 
testing for peak-aged, over-aged, and under-aged alloy 718. 
 
A recent study by Kernion et al.,  assessed hydrogen embrittlement of alloy 718  through RSL 
testing of 4-point bend specimens and produced results that can be compared to the results presented in 
this thesis [41].  In the study by Kernion et al., a voltage of -1.1 V versus SCE (saturated calomel 
electrode) with 3.5 h step times was used to simulate cathodic protection and a voltage of -1.4 V versus 
SCE with 1 h step times was used to determine if higher voltages with longer step times could accelerate 
the test while achieving the same Kth values. This study found a peak-aged condition to have a lower Kth 
than an over-aged condition under cathodic polarization, which is similar to the results presented in this 
thesis; however, the study by Kernion et al. also found an over-aged condition to have a higher Kth than an 
under-aged condition with the -1.1 V/3.5 h combination and a lower Kth with the -1.4 V/ 1 h combination. 
The fracture surfaces from the hydrogen environment showed mostly intergranular cracking close to the 
crack tip and gradually changed to microvoid coalescence further away from the crack tip [41,60]. The 
under-aging condition in the study by Kernion et al. was aged at a higher temperature (730 °C) than the 
study presented in this thesis (710 °C) so precipitation of grain boundary δ phase could have resulted in 
the intergranular cracking observed for that condition, as well as the lower Kth compared to the over-aged 
condition observed with the -1.1 V/3.5 h combination. SSR tests with the same cathodic charging 
parameters resulted in similar trends in hydrogen embrittlement susceptibility with the exception of an 
alloy 718 microstructure containing extensive grain boundary δ phase precipitation that was highly 
susceptible to hydrogen embrittlement in the RSL test but not the SSR test [41]. 
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All three aging conditions exhibited the same relative performance in both the SSR and RSL tests 
even though the tests evaluate different aspects of crack initiation and growth. SSR testing of smooth 
specimens requires crack initiation on the surface of the specimen and then crack growth until failure; 
however, the environmental effect on crack initiation and crack growth cannot be distinguished by the 
SSR test because the point at which cracks initiate in the SSR test is unknown. Also, the higher strength 
of the peak aged condition means the stress on a crack is higher during plastic deformation than for the 
other two conditions, making it difficult to evaluate if the greater ductility loss for the peak-aged 
condition is due to microstructural factors. On the other hand, the RSL test only evaluates resistance to 
crack growth without extensive plasticity outside of the notched region and definitively showed an 
influence of microstructure on the Kth value. Both testing methodologies produced hydrogen cracks 
consisting of predominantly intergranular cracking with some crystallographic transgranular cracking for 
the peak-aged and over-aged conditions and primarily transgranular cracking for the under-aged 
condition. Similarities in fracture mode between the two types of mechanical tests show that the 
mechanisms for crack propagation were possibly similar despite different loading conditions. In the SSR 
test, crack growth occurs while the gauge undergoes uniform plastic deformation, while in the RSL test, 
plastic deformation only occurs in the plastic zone ahead of the notch tip. The similarity in fracture mode 
may indicate that fracture mode due to hydrogen embrittlement is independent of the amount of plasticity
around a growing crack or that the uniform plastic deformation in the SSR test and the plastic zone in the 
RSL test played comparable roles in the fracture mechanism.  
4.6 Fracture Surface Analysis 
The peak-aged, over-aged, and small grain size conditions all exhibited fracture surfaces 
composed of mostly smooth intergranular cracking with some transgranular cracking. These fracture 
surfaces are similar to the fracture surfaces described by Galliano et l., Kernion et al., and Lillard et al. 
of aged microstructures without extensive grain boundary δ phase precipitation [41,34], though high 
resolution SEM was not reported in those studies to show whether small δ phase particles had precipitated 
at the grain boundaries during aging. Hydrogen-enhanced crack propagation may exhibit primarily 
smooth intergranular cracking when small δ phase precipitates are present at the grain boundaries.  
Transgranular cracking in the brittle regions of the peak-aged, over-aged, under-aged, and small 
grain size conditions resembled cleavage on specific crystallographic planes. SEM images showing the 
presence of transgranular cracking after RSL testing with cathodic polarization are shown for the peak-
aged condition in Figure 4.19a and for the under-aged condition in Figure 4.19b. The transgranular facets 
in the under-aged condition frequently exhibited a feather-like appearance seen in Figure 4.19b. The 
feather-like appearance is likely due to the cleavage cracking occurring in different directions on opposite 
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sides of a grain boundary or an annealing twin. These features are similar to the large flat fac ts with slip 
steps that were observed by Hicks and Altstetter in alloy 718 without extensive δ phase [32]. Cleavage 
cracking sometimes had visible river marks and normally began and ende  at either a grain boundary or 
an annealing twin when mixed with intergranular cracking in the peak-aged, over-aged, and small grain 





Figure 4.19 SEM images of transgranular cracking (TGC) that occurred along specific 
crystallographic planes from RSL tests with cathodic polarization of (a) peak-aged and 
(b) under-aged alloy 718. 
 
Transgranular cracking observed in microstructural conditions with small or no δ phase might be 
due to cracks encountering grain boundaries with insufficient δ phase precipitation so that transgranular 
cracking becomes favorable. The increased amount of transgranular cracking exhibited by the under-aged 
condition is evidence that transgranular cracking may be preferred in the absence of grain boundary δ 
phase. The misorientation of the grain boundary could also affect whether a crack propagates in an 
intergranular or transgranular manner. For example, Seita et al. proposed that hydrogen-enhanced cracks 
are more likely to propagate along high-angle grain boundaries than low-angle grain boundaries and 
low-energy coherent twin boundaries in Ni-base CRA 725 [61].  
Fracture features that appeared as deviations from the intergranular crack path were also visible 
on the smooth intergranular cracking areas in all conditions. These deviations are visible in the SEM
images of the peak-aged condition (Figure 4.20a) and the over-aged condition (Figure 4.20b) after RSL 
testing with cathodic polarization and the under-aged condition (Figure 4.20c) after SSR testing with 
cathodic polarization. Slip bands can be clearly seen on the fracture surface of the peak-aged condition in 
Figure 4.20a. The deviations from intergranular cracking often appeared triangular in shape with the 
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edges of the features aligning with slip bands as seen in Figure 4.20a. In the under-aged and peak-aged 
conditions in this study, all of the deviations appeared to be oriented in the same direction. For the over-
aged condition, more deviations from intergranular cracking were observed and sometimes had multiple 
orientations on the grain (Figure 4.20b). Deviations from smooth intergranular cracking were also 
described by Lillard et al. as ridges and indentations on smooth intergranular facets [46]. Lillard et l. 
proposed these ridges and indentations could be due to the crack deflecting from its intergranular path at 









Figure 4.20 SEM images of small deviations from the intergranular crack path from RSL testing with 
cathodic polarization of (a) peak-aged and (b) over-aged alloy 718 and from SSR testing 
with cathodic polarization of (c) under-aged alloy 718. Zoomed in image of circled 
region in (a) is shown in (d) with the slip band directions labeled. 
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The crack deflecting at grain boundary precipitates is plausible for the peak-aged, over-aged, 
small grain size, and high δ conditions which all had grain boundary δ phase precipitates. On the other 
hand, the presence of deviations from intergranular cracking in the δ phase free under-aged condition 
indicates that δ phase may not be necessary for the crack to deviate from its intergranular path. The 
intersection of slip bands at the corners of the deviations and the propagation of the deviations along the 
slip band directions, as can be seen in the higher magnification image in Figure 4.20d of the circled region 
in Figure 4.20a, indicate that the appearance of deviations from intergranular cracking could be related to 
slip that is occurring on those slip bands. 
There were some slight differences between the hydrogen embrittlement fracture modes of the 
over-aged and peak-aged conditions in this study. As previously noted, the over-aged condition showed 
more deviations from smooth intergranular cracking than the peak-aged conditions. Additionally, the 
over-aged condition showed more ductile features in the brittle hydrogen cracking regions than the peak-
aged conditions, which correlates with the greater total elongation in the SSR tests with cathodic 
polarization. Ductile tearing in the brittle region of the over-aged condition after SSR testing with 
cathodic polarization is circled in the SEM fractograph in Figure 4.21. 
 
Figure 4.21 SEM fractograph with ductile tearing circled in the hydrogen-affected fracture region of 
the over-aged condition after SSR testing with cathodic polarization. 
 
The high δ condition exhibited entirely intergranular fracture with a unique serrated appearance in 
the hydrogen cracking regions. At high magnifications, the intergranular fracture appeared to occur as 
steps along the grain boundary, as can be seen in the SEM fractograph of the high δ condition after SSR 
testing with cathodic polarization in Figure 4.22a. The SEM fractograph in Figure 4.22b shows the 
different morphologies exhibited by the steps along the grain boundary. The steps can have a wavy 
appearance as in region A or a straight and parallel appearance as in region B. Region C shows a smo th 
intergranular crack with the previously mentioned deviations from smooth intergranular cracking. Flat 
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intergranular regions composed of intersecting triangular features were also observed in the hydrogen 
cracking regions of the high δ condition, as can be seen in the SEM fractograph in Figure 4.22c. A higher 
magnification SEM fractograph of the circled region is shown in Figure 4.22d. 
Several factors may play a role in the variation in fracture appearance exhibited by the high δ 
condition. Variations in the size and distribution of the δ phase and the orientation of the δ phase with 
respect to the grain boundary could affect the fracture appearance. As can be seen in the SEM micrograph 
in Figure 4.2a, δ phase can have a wide range of orientations with the grain boundary, including almost 
parallel with the grain boundary. The orientations of the grain boundaries and consequently of the δ phase 









Figure 4.22 SEM fractographs of high δ alloy 718 after SSR testing with cathodic polarization. 
Stepped intergranular cracking is visible in (a). Three regions of stepped intergranular 
cracking are labeled in (b). Flat intergranular cracking region composed of triangular 
features are shown in (c). The circled region in (c) is shown at a higher magnification in 
(d). 
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The serrated intergranular fracture appearance exhibited by the high δ condition was similar to 
the fracture morphology that has been frequently described as slip band transgranular cracking 
[34,32,51,39,17]. Hicks and Altstetter first proposed this fracture feature in hydrogen-charged alloy 718 
to be a transgranular cracking mechanism composed of small cleavage facets occurring along intersecting 
{111} planes as shown in Figure 4.23 [32,51]. Fournier et al. later observed similar fracture features 
occurring along grain boundaries in alloy 718 with extensive grain bou dary δ phase and proposed that 
the slip band cracking was due to slip localization on {111} slip bands [39]. Galliano et al. also proposed 
that hydrogen cracking in alloy 718 could appear as microcleavage facets occurring on {111} planes 
around δ phase precipitates [34]. The features observed by Galliano et al. are similar to the triangular 
features shown in Figure 4.22c and d. No definitive evidence has been given to show that these featur  
are occurring along {111} slip bands.  
 
Figure 4.23 SEM fractographs of cleavage cracking along {111} planes for hydrogen cracking in 
alloy 718 proposed by Hicks and Altstetter [51]. 
 
Even though many studies describe these stepped features as slip band transgranular cracking, the 
features appear to occur along grain boundaries due to δ phase precipitation, as has been observed by 
Fournier et al. and Kernion et al. [41,39]. The main reason that many studies may not have described 
these features as a form of intergranular cracking is that the studied grain sizes may have been too small 
to determine that the fracture occurred along grain boundaries. Many studies that have observed these 
stepped features evaluated microstructures with extensive δ phase [46,34,17] or microstructures that were 
aged so that small δ phase precipitates may have precipitated [46,32,51] and have reported using small 
grain sizes of 30 µm or less [46,34,32,51]. In these studies, the grain sizes are small enough that nly a 
few steps might occur due to cracking along the δ phase for each grain; therefore, the fracture would have 
not appeared to occur along grain boundaries. For example, Lillard et l. observed that a small-grain size 
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condition with more grain boundary δ phase had larger regions of proposed slip band transgranular 
cracking and smaller regions of smooth intergranular facets compared to a larger-grain size co dition with 
less δ phase [46]. The larger amount of proposed slip band transgranular cracking in the small grain size 
condition was likely due to cracks which propagated along the grain boundaries with the stepped 
appearance due to the greater amount of δ phase, but a grain size of 20 µm would have made it difficult to 
determine whether the proposed slip band transgranular cracking occurred along the grain boundaries. It 
is possible that these step features are a type of transgranular crack, but the cracks are almo t surely 
propagating at the grain boundaries in conditions with δ phase precipitation. 
The fracture mode of hydrogen cracking in alloy 718 was heavily dependent on microstructure. 
Smooth intergranular cracking was most common in microstructures with small grain boundary δ phase 
precipitates. Cleavage transgranular cracking was also was present in microstructures with small grain 
boundary δ precipitates and became the dominant fracture mode in microstructures with no grain 
boundary δ phase. The cleavage transgranular cracking was generally observed to begin and end at grain 
boundaries and annealing twins (Figure 4.19). Deviations from intergranular cracking were observ d in 
all microstructures (Figure 4.20). These deviations were observed to sometimes initiate at sl p band 
intersections and propagate along those slip bands. Intergranular cracking with a serrated appearance 
along the grain boundaries was the primary fracture mode for microstructures with extensive grain 
boundary δ phase precipitation (Figure 4.22).  This type of intergranular cracking has generally been 
described as slip band transgranular cracking but mos likely occurs at the grain boundaries due to the 
presence of δ phase. Additional fracture surface images and observations are presented in Appendix D. 
4.7 Summary of Major Results and Observations 
Table 4.7 lists the major results and observations of this study. The room temperature mechanical 
properties are given for each condition for direct comparison to the hydrogen embrittlement 
susceptibilities. Microstructural differences for the conditions are summarized as the grain size mean 
intercept length, the relative size and grain boundary coverage of th  δ phase precipitates, and the aging of 
the γ’ and γ” strengthening precipitates. The total elongation ratios and reduction in area ratios from SSR 
testing, as well as the Kth and K ratios from RSL testing represent the measured hydrogen embrittlement 
susceptibilities for each test method. Hydrogen embrittlement fracture surfaces are describe  based on the 



























Peak-aged 39.0±0.4 989±0 1256±6 30.3±0.7 112±3 95.8 129±5 
Over-aged 35.0±0.5 757±16 1150±11 31.1±1.0 85±2 82.9 121±8 
Under-aged 30.2±0.8 718±5 1053±6 48.2±2.1 183±3 76.4 132±3 
High δ 38.4±0.6 957±0.5 1202±3 27.7±0.4 60±1 - 146±7 






















Peak-aged Small Intermediate Peak 12.1±2.1 26.4±1.9 42.9±2.7 44.8±2.8 Smooth IGC + TGC 
Over-aged Small Intermediate Over 18.7±2.7 30.8±2.9 47.7±2.7 57.5±3.3 Smooth IGC + TGC 
Under-aged None None Under 45.6±5.4 53.0±1.3 69.6±2.7  TGC 
High δ Small Intermediate Peak 7.9±1.2 23.8±4.7 -  Stepped IGC  








CHAPTER 5: SUMMARY AND CONCLUSIONS 
The research objectives of this project were to evaluate the effect of differences in pr cipitation 
phases, specifically δ, γ’, and γ”, and grain size, on the hydrogen embrittlement susceptibility and 
fractures modes of alloy 718 and to compare the hydrogen embrittlement mechanical property and 
fracture surface results produced through the slow strain rate (SSR) tension testing m thod to the 
accelerated fracture mechanics rising step load (RSL) test method. Conclusions for this study of hydrogen 
embrittlement testing of alloy 718 with regards to the research objectives are discussed below. 
5.1 Effects of Alloy 718 Microstructure on Hydrogen Embrittlement Susceptibility during SSR 
Testing 
SSR tests were performed on peak-aged, over-aged, under-aged, high δ, and small grain size 
microstructural conditions of alloy 718 in air and with cathodic polarization to assess their usceptibility 
to hydrogen embrittlement. SSR was chosen as the primary test method for evaluating the effects of 
microstructure on hydrogen embrittlement susceptibility because it is the most common test methodology 
for evaluating hydrogen embrittlement of Ni-base CRAs for oil and gas applications. SSR tests were 
performed on subsize tensile specimens, and the hydrogen charging parameters were chosen based on test 
methods performed in the oil and gas industry. Mechanical property ratios for each condition from the 
tests with cathodic polarization versus the tests in air represent the hydrogen embrittlement susc ptibility.   
SSR testing with cathodic polarization produced brittle cracks that initiated on the surface of the 
specimen and grew towards the center of the specimen until ductile failure of the remaining material 
occurred. The over-aged condition exhibited slightly better hydrogen embrittlement resistance than th 
peak-aged condition. The reduction in grain size for the small grain size condition compared to the peak-
aged condition had no statistically significant effect on hydrogen embrittlement resistance. The hydrogen-
affected fracture regions of the peak-aged, over-aged, and small grain size conditions all exhibited a 
combination of mostly smooth intergranular cracking and some transgranular cleavage cracking. The 
under-aged condition exhibited superior hydrogen embrittlement resistance compared to all other 
conditions. The greater hydrogen embrittlement resistance of the under-aged condition was attributed to 
the lack of δ phase at the grain boundaries, which resulted in a brittle region of mostly transgranular 
cleavage cracking and limited intergranular cracking. The high δ condition, with extensive precipitation 
of δ phase at the grain boundaries, exhibited the lowest hydrogen embrittlement resistance and a fracture 
surface with a brittle region entirely composed of intergranular fracture with a serrated appearance on the 
facets. Deviations from intergranular cracking were also observed on the smooth intergranular ccking
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regions in all conditions and were possibly due to cracks deflecting from intergranular paths at the 
intersection of slip bands. 
Hydrogen embrittlement resistance was determined to be dependent on both grain boundary 
precipitation and precipitation of γ’ and γ”. Grain boundary δ phase was detrimental to hydrogen 
embrittlement resistance as evidenced by the greater hydrogen embrittlement susceptibility of the high δ 
condition compared to the other peak-aged conditions. The γ’ and γ” primary strengthening phases are 
primarily responsible for the strengthening of alloy 718 and the volume fraction, coherency, and/or size 
distribution of γ’ and γ” are believed to affect the hydrogen embrittlement resistance of alloy 718, as 
shown by the over-aged condition which exhibited slightly better hydrogen embrittlement resistanc than 
the peak-aged conditions despite having slightly more and larger δ phase precipitates. In general, 
hydrogen embrittlement resistance decreased with increasing yield and ultimate tensile strngth though 
variations in microstructure affected the hydrogen embrittlement of microstructures with similar trength 
levels as evidenced by the over-aged condition which had significantly lower hydrogen embrittlent 
resistance compared to the under-aged condition, despite both conditions having similar yield strengths. 
Impact toughness did not directly correlate with hydrogen embrittlement resistance, but did generally 
increase with decreasing amounts of grain boundary δ phase. Despite differences in hydrogen 
embrittlement resistance, the peak-aged, over-aged, under-aged, and small grain size conditions all had a 
similar ductile fracture mode in the ambient environment; however, the high δ condition exhibited 
intergranular cracking in the ambient environment due to microvoids forming along grain boundaries. 
5.2 Comparison of RSL and SSR Hydrogen Embrittlement Testing Methods 
RSL tests of circular notched tensile (CNT) specimens were performed on peak-aged, over-aged, 
and under-aged conditions of alloy 718 with the same cathodic polarization parameters as the SSR tests. 
Threshold stress intensity factors (Kth) for crack growth with hydrogen charging were calculated for each 
test as the final load of the step before which crack growth began. Smaller step sizes for the RSL tests 
resulted in crack growth at lower loads and produced Kth values with less uncertainty for all conditions at 
all step times studied. Differences in step time only resulted in a change in the step at which crack growth 
occurred for the peak-aged condition tested with a 2,670 N (600 lb) step size.  
The CNT specimen was chosen for this study because of the ability of the round specimen type to 
induce greater stress triaxiality with a smaller diameter specimen compared to single-edge notched 
specimens. Constant displacement rate tests of the CNT specimen in air produced brittle fractures that 
initiated at the notch and propagated towards the center of the specimen with limited notch ductility for 
the peak-aged and over-aged conditions; however, the more ductile under-aged condition exhibited 
greater notch displacement and a fracture surface that indicated fracture began at the center of th  
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specimen, which suggests that the constant displacement rate test of the under-aged condition may not 
have been a valid fracture mechanics test. On the other hand, RSL tests of the CNT specimens for all 
conditions were successful in causing crack growth to begin at the notch due to hydrogen embrittlement 
mechanisms while the specimen was held at a constant displacement. 
RSL testing produced threshold stress intensity factors for crack growth (Kth) with cathodic 
hydrogen charging for the peak-aged, over-aged, and under-aged conditions that increased as the total 
elongation ratios produced by SSR testing. The hydrogen-affected fracture regions produced in the RSL 
tests showed the same fracture modes as were observed in the SSR fracture surfaces, namely smooth 
intergranular cracking with some transgranular cleavage cracking in the peak-aged and over-aged 
conditions and primarily transgranular cleavage cracking in the under-aged condition. The similarity in 
fracture modes from RSL and SSR testing indicates that the mechanisms for crack propagation in the two 
test methods may be similar. The mechanism for crack propagation may be independent of plasticity 
around the crack, or plastic strain in the SSR test may have had a similar effect as the plastic zone around 
the crack in the RSL test. For future hydrogen embrittlement testing, the RSL test has the ability to 
provide Kth values through constant displacement conditions that are similar to application and with a 
much shorter test duration than constant displacement fracture mechanics testing. 
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CHAPTER 6: FUTURE WORK 
There is still a significant amount of research to perform in order to gain a better understa ing of 
the effects of microstructure on the hydrogen embrittlement of alloy 718. This work has shown that 
differences in size, coherency, and/or volume fraction of the γ’ and γ” strengthening precipitates affect the 
hydrogen embrittlement susceptibility of alloy 718. For the microstructures studied here, the γ’ and γ” 
sizes and volume fractions should be determined in order to improve the understanding of the role of 
these precipitates on hydrogen embrittlement. 
Additional microstructures of alloy 718 could also be developed to evaluate the effect of 
microstructure on hydrogen embrittlement susceptibility. Double-aging at low temperatures could result 
in a peak-aged heat treatment with no grain boundary δ phase that would be an ideal microstructure for 
evaluation. Double aging can also result in bi-modal distributions of the sizes of the γ’ and γ”. There is 
currently no literature relating bi-modal size distributions of γ’ and γ” to hydrogen embrittlement 
susceptibility.  An experimental composition of alloy 718 could also be developed so that microstructures 
with variations in the ratio of γ’ to γ” can be produced while minimizing the amount of grain boundary 
precipitates. Variations in the amounts of Al, Ti, and Nb in alloy 718 can shift the TTT precipitation 
curves for the γ’, γ”, and grain boundary precipitates.  Additionally, there are several other precipitation 
hardened nickel-base CRAs that could be evaluated for comparison with alloy 718.  
An in-depth analysis of the fracture surfaces produced in this study may reveal additional 
information on the microstructural effects of alloy 718 on fracture modes with absorbed hydrogen. 
Electron back-scatter diffraction (EBSD) analysis of secondary cracks should be performed to determine 
if intergranular cracking occurs along grain boundaries with specific misorientations and whether these 
grain boundaries are the boundaries at which δ phase precipitates. EBSD analysis of the transgranular 
cracks in the under-aged condition may also show which specific crystallographic planes or directions 
transgranular cracking is occurring along. Additional microscopy techniques for evaluating frcture 
surfaces, such as focused ion beam (FIB) lift outs of specific features, electron channeling contrast
imaging, and EBSD of fracture surfaces could be performed to help determine the cause of the deviations 
from intergranular cracking and along which crystallographic planes transgranular cracking is occurring. 
RSL testing could be performed with even smaller step sizes and longer step times to determine if 
crack growth could occur at lower loads. Constant displacement or constant load testing of CNT 
specimens at the stress intensity factors determined by the RSL tests could also aid in evaluating the 
validity of the RSL test method in determining conservative fracture mechanics values. Very slow 
constant displacement rate testing of the CNT specimens with cathodic hydrogen charging may provide 
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more information on the effects of stress triaxiality and dynamic straining on hydrogen embrittl en  
mechanisms. Pre-cracking of the CNT specimens before RSL testing may show whether the very sharp 
notch adequately approximates a pre-crack. Constant displacement rate testing of pre-cracked compact 
tension specimens would show how the KQ determined by the CNT specimens compares to the KQ 
determined with a different specimen type. RSL testing could also be performed on the high δ and the 
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APPENDIX A:  INITIAL HEAT TREAT STUDY 
Before the microstructures were chosen for hydrogen embrittlement testing, heat treatments wer  
performed on specimens of alloy 718 to determine the effects of annealing and aging parameters on grain 
size, hardness, and grain boundary precipitation. Hot worked alloy 718 rod with a diameter of 15.9 mm 
(5/8 in) was sectioned and furnace heat treated according to Table A.1. Annealing and aging steps were 
selected to produce different grain sizes, hardness, strength levels, and precipitation morphologies, 
specifically of δ phase. Heat treatment conditions 1 through 4 were chosen to evaluate the acceptable 
upper and lower limits for annealing temperature and time according to API 6ACRA [23]. Conditions 5 
through 8 were chosen to study the acceptable upper and lower limits of aging temperature and time 
according to API 6ACRA [23]. The purpose of conditions 9 and 10 was to determine the effects of 
extensive over-aging on hardness and δ-phase precipitation. Conditions 11 through 14 were included to 
study how grain size and aging treatment affect hardness. Finally, condition 15 was a double-aging heat 
treatment with aging at 950 °C for 4.0 hrs and then air cooling followed by aging at 800 °C for 8.0 h and 
air cooling. The first aging step of condition 15 was chosen to intentionally precipitate δ phase and the 
second aging step was intended to achieve a reasonable hardness for comparison to the conditions which 
followed API 6ACRA [23]. 
The specimens were water quenched after the annealing step and air cooled after all aging steps. 
The oxide was ground off of the aged samples, and Rockwell C hardness tests were performed on those 
samples according to ASTM standard E18 [55]. Five indents were made on the samples for each hardness 
test. All of the samples were then mounted, ground, and polished. The samples were etched with 
Kalling’s No.2. Grain size was determined for the specimens which were annealed and not aged by the 
concentric circles method outlined in ASTM standard E112 [54]. The presence of grain boundary 
carbides and δ phase was evaluated in the light optical microscope (LOM) and through secondary electron 
imaging and energy dispersive spectroscopy (EDS) in the scanning electron microscope (SEM).  
The grain sizes that resulted from the annealing heat treatments are given in Table A.2. The grain 
sizes are within the allowable ranges in API 6ACRA [23]. The heat treatments were successful in 
homogenizing the alloy 718 microstructure. No δ phase was visible at the grain boundaries after 
annealing. MC carbides at the grain boundaries and in the grains were not dissolved. Figure A.1 is a light 
optical micrograph of alloy 718 annealed at 1021 °C for 1 h, which shows the annealed microstructure 
with MC carbides located at the grain boundaries and within the grains.  
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1 1021 1.0 - - 
2 1021 2.5 - - 
3 1050 1.0 - - 
4 1050 2.5 - - 
5 1050 2.5 760 6.0 
6 1050 2.5 760 8.0 
7 1050 2.5 800 6.0 
8 1050 2.5 800 8.0 
9 1050 2.5 800 14.0 
10 1050 2.5 800 20.0 
11 1021 1.0 760 6.0 
12 1021 1.0 800 8.0 
13 1021 2.5 760 6.0 
14 1021 2.5 800 8.0 
15 1050 2.5 950 and 800 4.0 and 8.0 
 
 










1 1021 1.0 44±2 5.7 
2 1021 2.5 77±5 4.1 
3 1050 1.0 119±9 2.9 




Figure A.1 Light optical micrograph of alloy 718 annealed at 1021 °C for 1.0 h. Arrows point to 
examples of MC carbides located at the grain boundaries and within grains.  
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The Rockwell C hardness results from the annealed and aged specimens are given in Table A.3. 
The larger grain size resulting from annealing at 1050 °C versus 1021 °C resulted in a small reduction of 
hardness. This reduction in hardness can be seen when comparing condition 5 to condition 11 and 
condition 8 to condition 14, but appears to vary based on the aging treatment. The γ’ and γ” phases which 
are precipitated upon aging are mostly responsible for the hardness of alloy 718. Higher hardness levels, 
which do not meet the API 6ACRA standard, were achieved by peak-aging at 760 °C, while over-aging at 
800 °C resulted in hardness levels that met the standard. Over-aging at 800 °C for longer than 8.0 h did 
not greatly decrease the hardness. The double-aged condition also had similar hardness to the condition 
aged at 800 °C for 8.0 h.  
 












5 1050 2.5 760 6.0 40.9±0.3 
6 1050 2.5 760 8.0 40.3±0.2 
7 1050 2.5 800 6.0 37.3±0.5 
8 1050 2.5 800 8.0 36.5±0.8 
9 1050 2.5 800 14.0 36.5±0.2 
10 1050 2.5 800 20.0 36.3±0.6 
11 1021 1.0 760 6.0 41.7±0.2 
12 1021 1.0 800 8.0 39.8±0.2 
13 1021 2.5 760 6.0 41.4±0.4 
14 1021 2.5 800 8.0 40.0±0.2 
15 1050 2.5 950 and 800 4.0 and 8.0 36.3±0.4 
 
 
The amount of δ-phase at the grain boundaries was evaluated for the different aging conditions. 
For aging heat treatments between 760 and 800 °C and between 6.0 and 8.0 h, only small δ-phase 
precipitates were visible at the grain boundaries. The δ phase precipitates in these conditions only grew at 
a small fraction of the grain boundaries and were only visible in SEM images at high magnification 
(Figure A.2). Neither peak aging nor over aging within the ranges given in the API 6ACRA standard 
resulted in δ phase precipitation that extended into the grains or heavy grain boundary coverage of δ 
phase that would be considered unacceptable by the standard. 
Specimens aged at 800 °C for 14.0 and 20.0 h had heavy δ phase grain boundary coverage. The δ 
phase precipitates in these conditions, which can be seen in Figure A.3, appeared acicular and were 
visible in the light optical microscope, but did not extend deep into the grains. According to API 6ACRA, 
this δ phase would be considered unacceptable due to the extensive grain boundary coverage even though 
the precipitates do not extend into the grains [23]. The double-aging heat treatment resulted in larg , 
acicular δ phase at the grain boundaries which extended into the grains (Figure A.4). These precipitates 
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would also be considered unacceptable, based on API 6ACRA, due to the size and frequency of the δ 
phase at the grain boundaries.  
 
 
Figure A.2 SEM micrograph of alloy 718 which was annealed at 1050 °C for 2.5 h and aged at 







Figure A.3 Grain boundary δ-phase in alloy 718 after annealing at 1050 °C for 2.5 h and aging at 








Figure A.4 Acicular grain boundary δ-phase in alloy 718 after annealing at 1050 °C for 2.5 h and 
aging at 950 °C for 4.0 h, followed by air cooling to room temperature and then aging at 




APPENDIX B:   POTENTIODYNAMIC SCANS 
Potentiodynamic scan specimens of all microstructural conditions of alloy 718, as described in 
ASTM G5-13 [62], were machined from the heat-treated plates in the longitudinal direction. All surface  
of the specimens were ground with 600 grit SiC paper. Potentiodynamic scans were performed according 
to the procedure outlined in ASTM G5-13 [62]. The scans were performed in a standard corrosion cell 
with a saturated calomel reference electrode used to measure the potential. The solution used for the 
potentiodynamic scans was also 0.5 M H2SO4. Nitrogen gas was used to deaerate and stir the solution. 
These scans were performed at Chevron Energy Technology Company facilities in Richmond, CA and at 
CSM. 
A potentiodynamic scan showing the change in current density for an increase in potential from 
-1.2 V vs. SCE (saturated calomel electrode) to +1.0 V vs. SCE for the peak-aged alloy 718 is given in 
Figure B.1. The plot shows the potentials at which alloy 718 is active, passive, or transpassive when it 
functions as the anode, as well as the potential range where alloy 718 functions as the cathode, i.e. where 
the hydrogen evolution reaction occurs. From Figure B.1, the open circuit potential (Ecorr) for this system 
is -0.30 V. The potentiodynamic scan shows that the material is active from -0.20 V to -0.05 V, passive 
from -0.05 V to +0.8 V, and transpassive from +0.8 V to +1.0 V. Additionally, the hydrogen evolution 
reaction rate at the applied potentials when alloy 718 functions as the cathode can be determined from the 
potentiodynamic scans; the reaction rate is proportional to the current density. The hydrogen evolution 
reaction occurs from -0.50 V to -1.2 V with the rate of reaction (current density) increasing as the 
potential decreases.  
Figure B.2 shows the results of potentiodynamic scans performed on peak-aged and over-aged 
alloy 718 from the open circuit potential to +1.0 V vs. SCE. Potentiodynamic scans on over-aged and 
peak-aged alloy 718 showed no effect of microstructure on the current densities that corresponded to 
specific potentials. Also, potentiodynamic scans that were initiated at the open circuit potential and 
continued into anodic potentials, like those in Figure B.2, resulted in an open circuit potential of -0.15 V 
and no active region. The active region that occurs for the scans that begin at -1.2 V vs. SCE may be due 
to the breaking-up of an oxide film at the cathodic potentials; for the scans that begin at the open circuit 
potential, the oxide film may still be intact.  
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Figure B.1 Potential versus current density for potentiodynamic scan of peak-aged alloy 718 from -
1.2 V vs. SCE (saturated calomel electrode) to +1.0 V vs. SCE. 
 
 
Figure B.2 Potential versus current density for potentiodynamic scans of peak-aged and over-aged 




APPENDIX C:  LIGHT OPTICAL MICROGRAPHS FOR GRAIN SIZE ANALYSIS 
   Examples of the micrographs used to determine the grain size for all microstructural conditions 











Figure C.1 Light optical micrographs of (a) peak-aged, (b) over-aged, (c) under-age , (d) high δ, and 
(e) small grain size microstructural conditions of alloy 718. 
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APPENDIX D: ADDITIONAL FRACTURE SURFACE IMAGES AND OBSERVATIONS 
Some additional observations concerning the fracture surfaces produced in this study are listed 
below. The stepped fracture appearance that dominated the high δ condition was also present in the over-
aged condition and the peak-aged conditions. The stepped fracture was more common for the over-aged 
condition and was most likely to occur near the edge of the specimen. The stepped fracture features can 
be seen near the edge of an over-aged CNT specimen after RSL testing with cathodic polarization in the 
SEM fractograph in Figure D.1. Additionally, smooth intergranular cracking in the under-aged condition 
was more likely to be found at the edge of the specimen. This change in fracture appearance at the edge of 
the specimen could be due greater hydrogen contents at the onset of crack propagation. The change in 
fracture appearance at the edge of the specimen seemed to be independent of specimen and loading type 
(SSR vs. RSL). Small triangular features could also be seen on the sides of the steps of the crack path 
along the grain boundaries in the high δ condition and are visible in the SEM fractograph of the high δ 
condition after SSR testing in Figure D.2. 
 
 
Figure D.1 SEM fractograph showing a stepped fracture appearance at the edge of an over-aged 





Figure D.2 SEM fractograph showing small triangular features on the sides of the steps of the crack 
path along a grain boundary after SSR testing with cathodic polarization. 
 
 
